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Abstract

This thesis employs computational methods to investigate the microstructure evolution of low-alloy
TRIP steels, utilizing the MatCalc framework. MatCalc applies mean-field approaches, classical
nucleation theory, and predictive interfacial energy models to describe the evolution of precipitates
in metallic materials. Additionally, it offers various models to simulate the evolution of
microstructural features, such as dislocation density and grain size. The present thesis proposes a
method for applying these models to the complex multiphase microstructure of TRIP steels to
simulate precipitation kinetics and simultaneous long-range diffusion. The primary focus of this thesis
is on the bainitic microstructure, which, in its carbide-free form, provides TRIP-steels with their
characteristic combination of high strength and toughness. Despite extensive research, the
mechanisms governing bainite formation remain a subject of debate. By combining several modeling
and simulation approaches, this study examines some key mechanisms that drive the formation of
this microstructure. Special attention is given to the partitioning of carbon from bainite subunits into
the surrounding austenite. The simulation results offer valuable insights into the formation and
characteristics of the film-like austenite that exists between individual bainite subunits within a
sheaf. Furthermore, the study revisits the formation of lower and upper bainite, proposing a

potentially new interpretation of the formation mechanism based on computational findings.



Kurzfassung

In dieser Arbeit wird die Mikrostrukturentwicklung von niedriglegierten TRIP-Stdhlen mithilfe von
computergestiitzten Berechnungsverfahren untersucht, wobei das MatCalc 6-Framework zum
Einsatz kommt. MatCalc wendet ,mean-field“-Ansatze, die klassische Keimbildungstheorie und
pradiktive Grenzflachenenergiemodelle an, um die Entwicklung von Ausscheidungen in metallischen
Werkstoffen zu beschreiben. Dariiber hinaus bietet es verschiedene Modelle zur Simulation der
Entwicklung mikrostruktureller Merkmale, wie Versetzungsdichte und KorngréRe. In der
vorliegenden Arbeit wird eine Methode zur Anwendung dieser Modelle auf die komplexe
mehrphasige Mikrostruktur von TRIP-Stdhlen zur Simulation der Ausscheidungskinetik vorgestellt.
Der Schwerpunkt dieser Arbeit liegt auf der bainitischen Mikrostruktur, die in ihrer karbidfreien Form
TRIP-Stahlen ihre charakteristische Kombination aus hoher Festigkeit und Zahigkeit verleiht. Trotz
umfangreicher Forschung sind die Mechanismen, die die Bainitbildung steuern, nach wie vor zum Teil
umstritten. Durch die Kombination mehrerer Modellierungs- und Simulationsansatze untersucht
diese Studie die Schliisselmechanismen, die die Bildung dieser Mikrostruktur antreiben. Besonderes
Augenmerk wird auf die Umverteilung von Kohlenstoff aus ferritischen Bainit-Plattchen in den
umgebenden Austenit gelegt. Die Simulationsergebnisse bieten wertvolle Einblicke in die Bildung und
die Eigenschaften des filmartigen Austenits, der zwischen einzelnen Plattchens innerhalb eines
Bainit-Blindels vorhanden ist. Darliber hinaus befasst sich die Studie mit der Bildung von unterem
und oberem Bainit und schlagt auf der Grundlage von Simulationsergebnissen eine neue

Interpretationsmoglichkeit fiir den Bildungsmechanismus vor.
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Section A



1. Introduction

Ever since mankind discovered metallic materials there has been a strong demand to
improve the properties of materials. This is especially true for iron carbon alloys called steel.
Due to the complex nature of the phase transformations occurring during the production
and heat treatments of steel, there was plenty of room for improvement over thousands of
years. These finally lead to modern steel products, which often exhibit a carefully adjusted
microstructure consisting of a mixture of different phases on length scales spanning over
several orders of magnitude. One group of steels that is able to combine high strength and
ductility due to its complex microstructure is so-called transformation-induced plasticity
(TRIP) steel, which will be investigated in this thesis. It gets its excellent mechanical
properties from the deformation-induced transformation of austenite into martensite. This

effect is designated as TRIP effect [1]-[5].

Although we have come a long way to achieve this sophisticated level of steel production,
there are still a lot of unanswered questions. Often, the exact mechanisms of phase
transformations or how and why they are influenced by temperature and chemical
composition are still not understood to a degree that allows for meaningful predictions. To
further improve the properties of steel and the efficiency of production plants, more insight

and better descriptions in the form of suitable modeling approaches are crucial.

One of the least understood phenomena in modern steelmaking is the bainite
transformation. During bainite formation, austenite decomposes into a mixture of ferritic
platelets and carbides. However, adding sufficient amounts of carbide-suppressing elements
like Si or Al can effectively inhibit the process of carbide formation. As a result, a certain
fraction of austenite remains after the bainite transformation is complete. The
corresponding microstructure is called carbide-free bainite and is often employed in TRIP

steels to obtain sufficiently stabilized austenite for the TRIP effect.

While bainite was already discovered in 1930 by Davenport and Bain, there is still an ongoing
debate about the mechanisms that govern its formation [6]—[8]. Modern TRIP steels employ
advanced alloying concepts where the mechanical properties of the multi-phase
microstructure are further enhanced by the addition of micro-alloying elements, which lead

to precipitation strengthening and grain refinement [5]. In order to get more insight and a



better understanding of the complex interplay of phase transformations, carbon partitioning
during bainite formation, and precipitation kinetics in TRIP steels, this thesis will present
simulation and modeling approaches that are capable of shedding some light on the
aforementioned topics. It is hoped that this will be a small step toward computational

methods that can help improve the properties and production routes of steel.

The following section gives an overview of TRIP steels, a detailed description of bainitic
microstructures and the applied simulation methods, and a short description of some

examples that were published in the papers collected in section B.



2. Theoretical Background

This work focuses on the description of complex microstructures present in TRIP steels with the help
of mean-field or finite difference scheme models. In order to do sound and meaningful simulations, it
is important to understand the subject of the calculations, in this case, TRIP steels, as well as the
applied models. Only by knowing the details of the described microstructure and the underlying
assumptions of the computational models is it possible to understand the predictive power, potential
future applications, and the limitations of the simulations. Therefore, in this chapter, a short
introduction to TRIP steels and bainitic microstructures, which are often required for the TRIP-effect,
is given. Afterwards, an overview of the applied simulation methods is provided, which are described

in detail in the scientific papers in “Section B.”

2.1 TRIP steel

Transformation induced plasticity (=TRIP) steels are defined by the transformation of retained
austenite to martensite during plastic deformation. Since martensite has higher strength than
austenite and this transformation takes first place in regions of high strain, it can effectively shift
deformation to other not yet transformed regions of the sample. This mechanism results in a
stabilization and delay of necking and enables TRIP steel to simultaneously provide relatively high

strength and ductility. [1][9][10][11]

/

strain induced
martensitic transformation

a) Standard - Steel b) TRIP - Steel

To enable the TRIP effect, a certain amount of austenite must be enriched with carbon to such an

extent that it is stabilized down to room temperature. This means that its martensite start



temperature should be low enough to guarantee that a sufficient amount of austenite remains after
final cooling. There exist empirical equations to describe how alloying elements and especially carbon
influence the martensite start temperature. Another possible way to calculate the martensite start
temperature depending on composition is the so called T, concept. Ty represents the specific
temperature at which the parent phase (austenite) and the product phase (ferrite) have the same
free energy while maintaining an identical chemical composition. As a result, a phase transformation
without element partitioning can only take place below this temperature. The transformation from
austenite to ferrite occurs through shear deformation and a change in molar volume, requiring a
certain amount of mechanical energy to initiate the process. This additional mechanical energy is
often chosen as 400 J/mol when calculating the bainite start temperature and between 1200 and
1700 J/mol for martensite start temperatures [12]. Figure 2 shows a comparison of empirical

equations from different references and the Ty approach.
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Figure 2: Comparison of Mg-temperatures calculated via the To-concept and empirical equations from literature

(Composition: 1.5 wt% Si, 1.5 wt% Mn, balance Fe). The grain size for the equation from Lee and Park, 2013, is chosen as

50 um; Empirical equations from references [13]-[16]; plot from Paper Il [12]

With a given martensite start temperature Mg and suitable parametrisation, the Koistinen-
Marburger equation can be used to describe the remaining austenite fraction at any given

temperature T, below the martensite start temperature. It is written as

V, = exp(—k - (Ms —T.)), (1)
with 1, being the volume fraction of austenite, T, the current temperature and k being a fitting

parameter [17].

For steels with a typical carbon content for low alloyed TRIP steels of approximately 0.1 to 0.3

weight-percent, there are two important steps in the heat treatment to enrich the austenite



sufficiently with carbon. In the first step, a certain amount of equiaxed ferrite is formed to increase
the carbon content in the remaining austenite to around 0.4 weight-percent. This step can either be
realized by intercritical annealing in the two-phase region to transform a ferritic/pearlitic
microstructure into an austenititic/ferritic one, if the steel was already cooled down to room
temperature, for example during cold-rolling. Or this microstructure can be obtained by directly
cooling to the two-phase region after hot-rolling in the austenitic region and holding there for long

enough time to obtain the desired amount of ferrite.

For both routes, the final production step is the same. The steel is cooled to a temperature where
bainite transformation can occur. Often, the sample is held isothermally at a certain temperature to
obtain mechanical properties optimized for its application, but it is also possible and sometimes
necessary in industrial applications to continuously cool through the temperature region where
bainite forms. The exact temperature path during the bainite transformation has a strong impact on
the properties of the final product and, therefore, detailed knowledge of the processes occurring
during heat treatment is crucial for further optimizations or to enable the production of TRIP steels
on an industrial scale where restrictions concerning cooling rates, holding times or temperature

homogeneity across the sample may apply.

I IT III Vv V I II 1III Vv
g ‘g hot-rolling
g g IBT ~--mmmmm-
time [s] - e [s]
a) b)

Figure 3: Two typical processing routes for TRIP steels a) cold-rolled route: Area I: casting and cooling to RT to obtain a
ferritic/pearlitic microstructure; Area ll: cold rolling; Area lll: intercritical annealing to obtain a mixture of ferrite and
austenite with desired carbon content in austenite; Area IV: Isothermal bainite transformation (=IBT) to produce bainite
and austenite with sufficient carbon content to be stable down to RT; Area V: final cooling to RT, some formation of
martensite may occur b) hot-rolled route: Area I: casting and hot-rolling; Area IlI: short isothermal holding to obtain an
austenitic/ferritic microstructure with desired carbon content in austenite; Area lll: Isothermal bainite transformation
(=IBT) to produce bainite and austenite with sufficient carbon content to be stable down to RT; Area IV: final cooling to

RT, some formation of martensite may occur

Careful composition selection is crucial for the production of TRIP steel. Besides carbon, the main
alloying elements for this type of steel are Mn, Si and Al. Mn is necessary to slow down the formation
of pearlite during the cooling to the isothermal bainite transformation (IBT) temperature. Si and Al

are crucial to suppress carbide formation during the bainite transformation to ensure that carbide



free bainite forms. Furthermore, the addition of micro-alloying elements such as Ti, Nb and V helps
to reduce the grain size during hot-rolling processes, which in turn influences the kinetics of the
ferrite and bainite transformations. These precipitates can also contribute to the strength of the final
product via precipitation hardening. The evolution of Nb and V carbo-nitrides is simulated and
discussed for a cold-rolled TRIP Steel in detail in Paper | of section B. A detailed description of the
effects of these and other alloying elements for the production of TRIP steels can be found in chapter

8 of Reference [18].

Another key aspect of TRIP steel production is the choice of a suitable temperature control for the
bainite transformation. The transformation temperature has a major impact on the emerging bainitic
microstructure. In particular, the amount and geometry of retained austenite, which is critical to the
TRIP effect, is controlled by temperature. In most cases, a temperature in the range of 300 to 500 °C
and holding times sufficiently long to finish the transformation are chosen. The exact
thermomechanical treatment heavily depends on the alloying concept, desired mechanical
properties, and restrictions concerning the industrial production process. In order to better
understand the pivotal bainitic microstructure, which is not yet fully comprehended in terms of the
microstructural mechanisms behind its formation, the next chapter provides an overview of the key

aspects of bainite.



2.2 Bainite

Bainite is a microstructure in steel that consists of needle- or plate-like ferritic parts that are called
subunits. Subunits nucleate either at grain boundaries or autocatalytically at other subunits. A
conglomerate of subunits with the same orientation is called a bainite sheaf. After or during the
formation of these subunits, carbon is partitioned into the surrounding austenite. There, either
carbides form, which would result in “classic” bainite, or the austenite remains stable because it is
highly enriched in carbon and carbide formation is suppressed by additions of Si or Al. The latter
microstructure is denoted as carbide-free bainite. Austenite that is located between subunits of one
sheaf often has the morphology of a thin film and is, therefore, referred to as film-like austenite,
whereas larger untransformed areas between separate sheaves are denoted as blocky austenite.
Figure 4 illustrates this microstructure schematically. The carbon content and morphology of the
different austenite areas in this microstructure govern the TRIP-effect described in Chapter “2.1 TRIP
steel”. Martensite, which forms early on from blocky retained austenite under strain, can negatively
impact mechanical properties. In contrast, films of retained austenite, stabilized by higher carbon
content and geometry, can enhance toughness through a more pronounced TRIP effect [19]—-[24].
Since these film-like retained austenite features are crucial in many TRIP steels, understanding how

temperature and composition affect them is vital.

blocky/residual ‘ ferritic subunit
austenite

austenite films

Figure 4: Schematic illustration of a carbide-free bainitic microstructure consisting of ferritic subunits, which build up
sheaves, film-like austenite, and areas of blocky/residual (=untransformed) austenite. Size scale is not accurate since
austenite films are often some orders of magnitude smaller than blocky austenite areas. GB denotes austenite grain

boundaries. [12]

Although extensive research has been conducted in the field of bainitic microstructures in recent
decades, some mechanisms that lead to its formation are still controversially discussed. Especially
the question of whether the growth of the subunits is governed by a displacive or diffusive

mechanism is still a topic of ongoing debate [8][7][25]. For the modeling and simulation approaches



in this work, a displacive mechanism in accordance with the concept of bainite formation as

described in Ref. [26] is assumed.

In addition to bainite with carbides between subunits and carbide-free bainite, there is another
important distinction between bainitic microstructures, which is determined by the existence of
carbides within the ferritic subunits. According to the assumption that subunits grow via a displacive
mechanism, i.e., with the speed of sound, they are initially supersaturated in carbon due to the
significantly lower solubility of carbon in ferrite compared to austenite [1]. If this excess carbon can
diffuse into the surrounding austenite before carbides form within the ferritic subunits, the resulting
microstructure is classified as upper bainite. In contrast, if carbide precipitates form within the
ferrite, the microstructure is termed lower bainite [27][26][28][7][29]. On further heat treatment,
carbon, which is not bound in the form of carbides within the subunits, will eventually partition into
the surrounding austenite. If carbide formation in austenite is suppressed, the transformation is
finished at this point, and the final microstructure is “carbide-free” bainite. Otherwise, carbides form

between the subunits, leading to a classic bainitic microstructure.

Figure 5 illustrates the described steps that lead to one of the two microstructures. In the case of
carbide-free bainite, the last step is sufficiently suppressed and, therefore, does not occur in
timespans usually applied for the production of TRIP-assisted steels. The competition between
carbon long-range diffusion and carbide precipitation, which controls the observed microstructure, is

investigated with computational methods in Paper Il of section B [30].
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3. Simulation

This section gives an overview of the applied simulation and modeling methods. All simulations were
carried out with the thermokinetic simulation package MatCalc [31]. The specific version of the

software that was employed is reported in the individual papers in section B.

The simulation studies of this thesis focus on two microstructural phenomena that play a major role
during the production of TRIP steels. One is precipitation kinetics and the other the long-range

diffusion of carbon in bainite. These two aspects are briefly described in the next two chapters.

3.1 Precipitation kinetics

Precipitation kinetic simulations in MatCalc rely on a mean-field approach. A crucial part of every
simulation approach for the evolution of precipitates is the nucleation model. MatCalc utilizes the
classical nucleation theory (=CNT) approach. For a nucleation event to happen, there needs to be a
sufficiently large driving force to compensate for the additional interface that inevitably has to be
formed between the precipitate and the parent matrix. This fundamental condition can be described

by the equation,

4
AGypya = §np3-AGvol +4mp?. MGy (2)

with , AG,,q being the free energy of nucleus formation, AGy, the specific volume free energy
change, AGg,f the interfacial energy and p the radius of the nucleus. If the derivative is formed and

set to zero, the critical radius r* and the critical nucleation energy G* are obtained as,

*

ZAGsurf
= ——

, (3)
AGvol

and

. 167 (AGsurp)®
3 (AGvol)2 .

(4)
With these quantities on hand, the steady state nucleation rate /45 can be calculated by the relation,

*

Jss = NZB* exp (— ka) : (5)




In these equations, N is the number of potential nucleation sites, Z is the Zeldovich factor, §*is the
atomic attachment rate, ky, is the Boltzmann constant, and T is the absolute temperature in Kelvin.
To calculate the interface energies for this approach, the generalized nearest-neighbor broken-bond

model [32][33] is used.

To describe the growth of the precipitates once they nucleated, MatCalc uses an approach developed
by Kozeschnik et al. [34] based on the "Thermodynamic Extremal Principle". Details of the application
of this approach for the growth of precipitates in a multicomponent environment can be found in the

references [35]-[38].

Time integration of the applied equations is achieved using the Kampmann-Wagner approach. In this
approach, the precipitation distribution is divided into discrete size classes for precipitates of
identical radius and chemical composition. The comprehensive mathematical description and
detailed analysis of the mean-field modeling approach outlined above can be found in the work of

Kozeschnik et al. [36].

To apply the methodology summarized above, a crucial input is thermodynamic data about the
investigated system. Thermodynamic calculations in MatCalc employ the Calphad (Calculation of
Phase Diagrams) approach [39], which assumes that phase boundary locations result from stability
competition between two or more phases. Initially, thermodynamic models for all constituent unary
and binary systems are derived, with model types selected to match the physical and thermodynamic

properties of the phases. The Gibbs energy of a phase in a binary system can be expressed by:

GY = Z xiG:D'O + RT 2 x; Inx; + 2 xaxg L, (xp — xp)?¥ + Gg(agn + GES)IEO
i=AB i=A,B v

(6)
+ cee

The first term on the right-hand side of the equation represents the reference state, with x; being
the mole fraction of component i, and Gi(b'o, the Gibbs energy of pure component i with structure ®.
The second term is the ideal mixing term, and the third one is the excess Gibbs energy of mixing, with
L, being the interaction coefficients and v the power of the polynomial series. These polynomials are
called Redlich-Kister polynomials and are a practical way to describe the interactions in
thermodynamic systems. Generally, these model parameters are optimized to best fit the available
experimental data. Additionally other excess energy terms can be considered, for example

contributions from magnetism Gg;(agn and short range ordering GE)%O.

Ordered intermetallic phases are described by different sublattice models, such as the compound

energy model and the bond energy model. These models express the Gibbs energy as a function of

10



sublattice species concentrations and temperature. The Gibbs energy of a binary intermetallic phase

described by a two-sublattice compound energy model,(4, B)p: (4, B) 4, can be written as:

o _ 1,00 ¢
Gh= ), ) e
i=AB j=AB

p I vl q 1y 11T
+RT | —— Z yilny; + —— Z yi' Iny;
<p+q L L p+q l L

i=AB i=AB
(7)

+ z }’AYB (YA J’B) LAB]
j=AB

+ Z YiyiyE (v - yi) Lt AR+ YAVBYAVE Lapap + Gy o + Goxo +
j=AB
In this equation, yi’ and yi” represent the species concentrations of component i in the sublattices I
and I1. The first term on the right-hand side denotes the reference state, comprising the mechanical
mixture of the pure compounds A, A, By, B,Aq, and B. GqID is the Gibbs energy of the stoichiometric
compound i,,jq with the structure @. The values of G j can either be determined by experiment or

by "ab initio" simulations.

Once thermodynamic descriptions for all constituent binaries are established, preliminary
descriptions for ternaries can be obtained by extrapolating the binary model parameters. Ternary
interaction model parameters refine the description of ternary systems if reliable experimental data

is available. The same strategy can be extended to multi-component systems.
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3.2 Cell diffusion

To simulate the long-range diffusion of carbon within bainitic microstructures with simultaneous
precipitation of carbides, the cell simulation module of MatCalc was employed. It utilizes a finite
differences scheme to calculate transient multi-component diffusion profiles [40]. A significant
benefit of this numerical cell diffusion approach, compared to analytical methods, is its ability to
determine C diffusivity in each cell as a function of current chemical composition, dislocation density,
and other microstructural properties. This method also allows for the examination of various

geometric configurations involving multiple bainitic subunits.

The most significant feature of this simulation approach is the capability to perform a full
precipitation kinetics and microstructure evolution calculation for each cell. This makes it possible to
examine the concurrent long-range diffusion of C and the precipitation kinetics of carbides within the
ferritic platelet. The latter aspect is utilized in Paper Ill to investigate the formation of upper and
lower bainite. Figure 6 illustrates schematically how the diffusion problem is discretized and that

each cell is coupled to the MatCalc precipitation kinetics engine.

bulk

surface
v

discretization into representative cells

discretization of the diffusion problem:

N\

concentration

v

coupling of diffusion and precipitation:

B 1T 1T T T T 1
fole 1 =1 1 | 1 [ |

surface

MatcCalc precipitation
kinetics engine

Figure 6: Schematic overview of the discretization steps for the cell-based diffusion model used in MatCalc. [40]
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For the simulations in this work, a planar 1-D geometrical setup is applied. The partitioning of carbon

between the cells can be calculated according to Fick's law of diffusion as follows:

t+

At
1+ ¢ — W[Di,chf:l + Di,i—lcitjl] = Cit' (8)

Dy;+1At Di,i—lAt]
(Ax)? (Ax)?

where cf is the carbon content of cell i at the time ¢, and cf* at the time t + At. D; ;41 is the mean
diffusion coefficient of the cells i and i + 1 and D; ;_; is the mean diffusion coefficient of the cells i
and i — 1. Therefore, for N cells, a linear equations system of N equations in N variables is obtained,

which can be solved numerically.

At phase boundaries, an additional flux J, which is a result of a difference in chemical potentials,
must be taken into account. It can be calculated by,

Dc ou
== (©)
RgT dx
with D being the diffusion coefficient, ¢ the concentration, x a 1D planar spatial coordinate and
Rgthe gas constant. Accordingly if a phase boundary exists between the cells i and i + 1, the flux
Jii+1 can be written in discretized form as,
Diiv1Ciiv1 Hi — Hi+1
R,T  |x; — X34

Jiiv1 = — (10)

where D; ;14 and ¢; ;14 are the arithmetic mean values of diffusion and carbon concentration of the
cellsiand i+ 1, ¢; ;41. Finally the gradient in concentration for cell i can be calculated with

_Jii+14iiv1

Ac;
L Vi

At, (11)

with A; ;,, being the area between cells i and i + 1 and V; being the volume of cell i. Ina 1D

simulation, the factor 4; ;1 /V; can be reduced to a division by the thickness of the cell.

The difference in concentration, Ac; that is caused by the flux J; ;1 is then added to equation 8 on
the right-hand side if applicable, i.e., there exists a phase boundary and, therefore, a difference in
chemical potential. Diffusion coefficients are calculated for each individual cell according to the
standard procedure of MatCalc. A detailed description of this approach and some other use cases of

this model can be found in the References [41] and [42].

The impact of dislocation density and other factors that may influence the diffusion coefficients of

carbon (C) are discussed in detail in Paper Il

Figure 7 shows an example of the output of this approach from Paper Il. It illustrates the evolution of

the carbon concentration profile of a 0.4 C- 1.5 Mn - 1.5 Si wt% steel if, at first, one bainite subunit is
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present and, at a certain time, a second one is added to investigate the resulting thickness and

carbon content of the emerging austenite fi
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Figure 7: Scheme of the simulation steps for a cell diffusion calculation. a: to, initial state with nominal C-content, Cy, in all

cells; b: t;, carbon profile after decarburization of the ferritic bainite platelet (=subunit), another bainite platelet is

inserted into the simulation; c: t;, second bainite subunit has reached its equilibrium C-content; thickness of the

austenite film d,, thickness of a bainite subunit d. C, is the C-content of the ferritic subunits in equilibrium (~0.02) [12]
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As mentioned above, this cell-diffusion approach not only allows to do a full precipitation kinetics
simulation for each cell but also to utilize the microstructure models available in MatCalc. One of
these models allows to consider the trapping of elements at defects in our simulations. Since a lot of
dislocations exist in bainitic microstructures, there are a lot of potential traps for carbon atoms. This
effect becomes even more relevant as transformation temperatures decrease and, therefore, has to
be taken into account if so called “nano-scale” bainite, which forms at around 200 °C and below
[43][44], should be simulated. The same effect is observed in martensite, where up to 0.2 wt% of
carbon can be trapped at 200 °C [45]. This was confirmed by X-ray and atom probe measurements

[43][46].

The carbon that is trapped at dislocations inside the subunits is unavailable for diffusion into the
surrounding austenite and, therefore, this effect can have a big impact on the overall evolution of

bainitic microstructures.

To incorporate this effect into the simulation approaches presented in this thesis, the model
developed by Svoboda et al. [47][48][49][50] is utilized and will be described briefly in the next

section.

The molar concentration c; of trapped element i on traps k can be expressed by,

¢ = cLit Z CTkis (12)
K

where the indices Li denote the lattice (free) part of element i, and Tki the trapped atoms of species

iontrapk.

To obtain the fraction of occupancy of all lattice positions y;; by an element i, the product of the

molar concentration c;; and the volume of one mole of lattice positions V|, can be calculated with

YLi = cLiVL- (13)

In a similar manner, the fraction of occupancy of element i on traps k,

YTki = CtriVTRs (14)
is the product of the molar concentration of element i on traps of type k cry; with the volume of one

mole of trap positions Vry.

The inverse molar volume of the system ) can be derived from mass balance as

11 +Z 1
0T Ly (15)

The molar volume of trapping sites is given by,
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_ 1
 Zycy

Vrk (16)
where ¢, is the molar concentration of trapping sources and Z,, is the coordination number of trap k.

For the case of dislocations, ¢, becomes c,;;5; and can be written as,

Cdisl = Tpa’, (17)

with p being the dislocation density and a the dislocation core radius.

Finally, the change in Gibbs Energy due to the trapping of elements i on traps of a certain type k can

be calculated by

Q
+zk:m<z YrriInyL; + <1 —Z}’Tki)ln <1 —Z}’Tki>> (18)
l L
Q
- Z Z EYTkiAEik-
ki

To determine the equilibrium state for an element jon a trap |, we set G = 0 and obtain,

; 1- ; ; AE;;
YLj Yk 2i VTki _ exp< U). (19)

11—y Y11 R,T

The results that can be obtained through the careful combination of the above-described modeling
approaches with empirical and experimental input, will be shown in the next chapter.
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4. Application/Examples

By combining the models and simulation approaches described in the previous section, simulation
studies have been carried out to improve our understanding of carbon partitioning during bainite
formation. Some selected examples of these simulations, published in the papers collected in section

B, are presented and discussed here.

As already mentioned in Chapter “2.2 Bainite”, the properties of the film-like austenite that forms
during the bainite formation have a major impact on the mechanical properties of TRIP steels.
Therefore, one of the simulation studies focused on investigating how transformation temperature
and initial carbon content influence the film thickness and the carbon content of these
microstructural features. To achieve this, the cell diffusion approach described in chapter “3.2 Cell

diffusion” was utilized.

At the start of each simulation, a number of cells equivalent to half the thickness of a bainite subunit
are set to have ferrite as their matrix phase on the left side of the simulation box. The simulation is
then run until a certain time, where, based on an empirical approach described in Paper Il [12], a
second ferritic subunit is inserted into the simulation box. The time when this is done, t,qy, is given

by the empirical equation,

they = 23 exp~ 0014, (20)
where T is the temperature in °C. It is inserted at the position where the carbon content in austenite
first falls below the value given by the Ty’ concept (see chapter 2.1 TRIP steel). Figure 8 shows how
this position d; and, therefore, the resulting film thickness changes depending on the current carbon

profile.
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Figure 8: Calculated evolution of C-concentration profiles in the vicinity of a subunit. The locations of the critical carbon

content (horizontal dashed line), d;, correspond to the simulation times, t;. While the predicted film thickness increases

from ¢, to 3, it decreases afterwards and, eventually, reaches zero again after longer simulation times. [12]

Then, the calculation is continued until the carbon inside the second subunit is fully ejected into its

surroundings. An illustration of this procedure is shown in Figure 9. The resulting thickness and

carbon content of the film-like austenite for a 1.5 Mn - 1.5 Si wt% steel with either 0.2 or 0.4 wt% of

carbon is shown in Figure 9.
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Figure 9: Predicted austenite film thickness and C-concentration within the austenite films for 0.2 wt% and 0.4 wt%

—&— 0.2 C/ film thickness
—a— 0.4 C/film thickness
--o--0.2 C/ carbon content
--A- 0.4 C/carbon content

45 . : . 3.0
40 2.8
35 20
2.4 2
30 ~
72.2*5
257 —2.0%
4 [&]
20 1.8 c
154 L16 2
©
104 1.4 ©
1.2
5_
1.0

300

matrix carbon concentration, respectively. [12]

350 400 450
temperature / C

For both carbon concentrations, the film thickness increases with increasing temperature. Due to the

higher initial carbon content, the films in the alloy with 0.4 wt% carbon are thicker. The carbon
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concentration of the austenite films shows a dependence on the initial carbon content but hardly any
temperature dependence. It must be mentioned, however, that these concentration values only
apply immediately after the nucleation of the adjacent subunits. Depending on the temperature and
geometry of the entire bainite bundle, the carbon from the film can diffuse out over time. Therefore,
measured values could deviate significantly from the values predicted here, especially at higher

bainite transformation temperatures.

The lack of comprehensive data in the existing literature makes it difficult to validate these results.
Data from reference [38] indicate a carbon content of approximately 1.8-2.2 wt% in austenite films
for an alloy with a composition of 0.39 wt% C, 4.09 wt% Ni and 2.05 wt% Si at a transformation
temperature of 400°C. With an initial carbon content of 0.4 wt%, our current model predicts a carbon
content of around 2.6 wt% in the films. As mentioned above, our model predicts the carbon content
at the moment where the films are first formed, whereas experimental setups measure the carbon
concentration in films that have been present for a longer time and have, therefore, already
exchanged carbon with the surrounding blocky austenite regions, resulting in slightly lower values

compared to our simulation.

This effect should be less relevant at lower temperatures. Therefore, a simulation study at a
transformation temperature of 200 °C was conducted. While the aforementioned effect may be less
pronounced at this temperature, another effect comes into play that has to be considered. This
effect is the trapping of carbon at defects. The high dislocation density within the bainite subunits
provides a large number of traps for carbon atoms, which in turn are not available for diffusion. This
effect is confirmed by X-ray and atom probe measurements [43], [46]. It is accounted for in the
simulations by the trapping model described in chapter “3.2 Cell diffusion”. There are two main input
parameters for this model. The coordination number ¢ and the trapping enthalpy AE. They are
choosen according to Mayer et al. [51] as AE = 75000 - 20 = T [J/mol], and ¢ = A/T?, with the

parameter A being 10°.

In order to be as close as possible to the specific case investigated, the position and thickness of the
first subunit in this simulation are approximated from the atom probe measurements in ref. [44]. The
position of the second subunit is chosen according to the approach described in this section
beforehand, while its thickness is also chosen according to the atom probe measurements from
literature. The dislocation density is assumed to be 3-10"™ m™2, as measured for this steel in the

temperature range of 200 to 350°C by Caballero et al. [52].

Figure 10 shows the resulting carbon profiles from the simulation setup described in the section

above. The results without the consideration of trapping (black dashed line) overestimate the
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thickness and the carbon concentration in the film-like austenite region between the two subunits.
This is due to the very small amount of remaining carbon inside the subunits, which is close to zero.
In contrast, both the film thickness and the predicted carbon content of the film are well represented

when trapping is taken into account (black line).

At transformation temperatures of 200°C, the formation of lower bainite is expected [27]. This
means that carbides are formed in the subunits. As these are carbon sinks, they influence the carbon
partitioning process. Extensive TEM (Transmission Electron Microscopy) studies have found no
carbides in similar steels, as reported by Caballero and Bhadeshia [43]. Other studies suggest that
small amounts of carbides or carbon clusters may be present [52], but in this case, they should have
a rather small influence on the overall carbon partitioning and be negligible due to their low phase
fraction. It is likely that, in other alloys or with other heat treatments, the influence of carbides may
be relevant. In a further simulation study described in paper lll, the formation characteristics of lower
and upper bainite were investigated. This was done by combining the precipitation kinetics and cell

diffusion capabilities of MatCalc, as described earlier in section “3.2 Cell diffusion”.
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Figure 10: Simulation of bainite formation at 200 °C, with and without trapping taken into account [12]. APT

measurements from ref. [44].

As shown in Figure 5, the formation of either upper or lower bainite is determined by a competition
between carbon diffusion from the ferritic subunit into the surrounding austenite and carbide

precipitation within the subunits. Existing models in the literature describing these simultaneous
20



processes are based on a separate description of carbon repartitioning and precipitation [53][54]. In
the approach presented here, a direct coupling of diffusion and precipitation kinetics is used. This is
achieved by utilizing the MatCalc ability to directly link a complete precipitation kinetics calculation
to each cell in the cell diffusion module. The numerical approach to cell diffusion simulation does not
require the same simplifications as an analytical solution and, therefore, allows the dependence of
diffusivity on carbon concentration, dislocation density (pipe diffusion), chemical potential and
trapping on defects to be taken into account. A detailed description of this approach is reported in

Paper lIl.

The model outlined in the previous section is used to study two alloys containing 0.05 wt% and 0.45
wt% carbon over a temperature range of 300 to 500 °C. The simulations are carried out for durations
of up to 3000 seconds. The selected carbon concentrations are chosen based on the expected
microstructural outcomes: At high temperatures and low carbon content (0.05 wt%), an upper
bainite structure is anticipated, while, at lower temperatures and higher carbon content (0.45 wt%),

a lower bainite structure, characterized by carbides within the ferritic subunits, is expected [54].

During the simulation studies, a previously undescribed behavior became apparent. The presence of
carbides in the subunits is normally used to distinguish between the two microstructures. However,
in our simulations, there was no clear dividing line observable between the upper and lower bainite.
Even for a relatively high temperature of 500 °C and 0.05 wt% of carbon, rapid nucleation of carbides
was observed. The evacuation of carbon into the surrounding austenite was by orders of magnitude
too slow to completely prohibit the formation of cementite (or transition carbide) precipitates due to
their high driving force for nucleation in a ferritic matrix. This phenomenon of an initial burst of
carbide nucleation was observed for all temperatures and for both investigated alloys. However,
after a certain time, the carbon concentration in the subunit decreases to a level where the carbides
dissolve again. The carbon finally partitions into the austenite, although with a significant delay
because it is temporarily bound in the carbides. The timescale where this happens varies heavily
depending on carbon content in the alloy and temperature and ranges from below 0.01 to more than
3000 seconds. The time it takes for the two alloys at different temperatures to reach a maximum
phase fraction of carbides and the time necessary for them to dissolve again are summarized in

Figure 11.
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Figure 11: Simulation results for the time until the maximum phase fraction of carbides is observed within the ferritic
bainite subunits (red triangles) and time until all carbides are dissolved (blue squares) as a function of temperature for C
content of 0.05 wt% (a) and 0,45 wt% (b). Differently, shaded areas indicate if upper or lower bainite will be observed.

(30]

These results suggest that there is no sharp boundary between upper and lower bainite. Rather, a
characteristic amount of carbides is likely to form in all cases initially within the subunit. Depending
on the carbon content and temperature, these carbides will dissolve again. Since this process takes
only fractions of a second at low carbon content and high temperatures, and bainite transformations
usually require timescales several orders of magnitude longer for complete transformation, only
upper bainite is detected in experimental studies. If the dissolution time of the carbides is longer
than the transformation time or the holding time at the transformation temperature, lower bainite
will be observed. This means that, depending on when an observer looks at the microstructure,
either upper or lower bainite is diagnosed. In contrast to Figure 5, which shows the classical
evolution of a bainitic microstructure leading to either upper or lower bainite, Figure 12 illustrates

the mechanism predicted by our simulations.
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the modeling approach described in Paper Il [30].

Observing rapid formation and dissolution of carbides at elevated temperatures is challenging due to
the short timescales and small structural dimensions involved. However, under high carbon low
temperature conditions, carbide dissolution can be observed if the bainite is tempered for a
significant period beyond the required transformation time. According to our simulations, this
process would show its onset with the appearance of carbide-free regions at the edges of subunits.
An experimental study [29] confirmed carbide-free zones, particularly in subunits located at the
periphery of sheaves. This resembles our simulation setup where a single subunit is surrounded by
austenite with no neighboring subunits in close proximity. Further experimental evidence is needed

to confirm or rule out the suggested mechanism.
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5. Summary and Outlook

In this thesis, simulation approaches were developed, which provide insights into the formation and
evolution mechanisms of different microstructural aspects of trip steel. For simulations, the MatCalc
framework was utilized. This software package employs a variety of (mostly) mean-field models to

simulate precipitation kinetics with simultaneous long-range diffusion as well as the evolution of the

microstructure of metallic materials.

In Paper I, an efficient and practical approach to calculate the evolution of different precipitates in
the complex microstructure of TRIP steels was developed, and the simulations showed good
agreement with experimental results. To investigate the complex mechanism of the bainite
transformation in TRIP steels, in Papers Il & lll, the mean-field models of MatCalc were combined
with its cell-diffusion module, some semi-empirical relations, as well as experimental input data.
Especially, the redistribution behaviour of carbon during the formation of bainitic subunits was
investigated. This approach is capable of taking into account a range of microstructural parameters,
such as the dislocation density, subunit thickness, trapping of carbon, etc., to allow for meaningful
investigations of their influence. The presented models can be readily adapted to more complex
systems with more alloying elements or a variety of different precipitates. The results concerning film
thickness and carbon content of austenite films can be used to optimize heat treatments, while the
novel suggested mechanism that leads to the formation of upper or lower bainite, might inspire the

setup of future experiments to see if the predictions of the simulations hold true.
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Abstract

During the thermo-mechanical treatment of low-carbon TRIP steel, precipitation of micro-
alloying carbo-nitrides occurs in a complex microstructure consisting of various phases and
mixtures of these, such as, austenite, ferrite, pearlite, bainite, and/or martensite. In
addition, the precipitation process is commonly stimulated and accelerated by plastic
deformation that is induced by hot and warm rolling. In the present contribution, a method
is suggested, which allows for a thermokinetics-based simulation of the amount as well as
the type and distribution of secondary precipitates depending on the local chemical and
crystal environment of the polymorph microstructure. As basis of the present study serves
the thermokinetic software package MatCalc, which is used to simulate the evolution of
precipitates during the entire steel processing route. It is demonstrated that this approach
represents a simple, yet versatile tool for a computationally efficient analysis of precipitation

in multi-phase microstructures. According to the present simulation results, the distribution
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of C among individual precipitation domains, i.e. phases, is the most important factor
governing the precipitate evolution in the system. In addition, the simulations show that
NbC and VC precipitates differ in their nucleation and growth behaviour during the thermo-
mechanical treatment. While NbC nucleates mainly during the hot rolling process in a purely

austenitic matrix, VC predominantly forms at lower temperatures in ferrite.

1. Introduction

The current strong demand for materials supporting weight reduction of vehicles challenges
steel manufacturers to develop new advanced grades capable of fulfilling the increasingly
stringent technical requirements of this market. Advanced high strength steels (AHSS)
include many standard and proprietary grades designed to provide specific desirable
combinations of properties, such as, high tensile strength levels between 600 and 780 MPa,
sufficient formability and appropriate weldability. AHSS of the first generation include dual
phase (DP), complex phase (CP) and transformation-induced plasticity (TRIP) steels,

commonly used in crash-relevant parts, such as, door beams and windshield pillars.[%23!

TRIP steels exhibit the highest combination of strength and formability, resulting from the
strain-induced transformation of retained austenite to martensite, designated as the TRIP
effect.[4>57] To reduce thickness of safety related vehicle components even further, TRIP

steels with strength levels higher than 780 MPa are therefore of a paramount importance.

On basis of the micro-alloying concept, an increase in strength can be initiated by
precipitation strengthening and grain refinement in order to achieve 1 GPa in tensile
strength, while weldability is not deteriorated as it would be in the case of an increased C
content. Previous experiments showed a differing behaviour of MC (M=Nb, V) precipitates in

ferrite and in austenite due to their different solubility in these two microstructural
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constituents and the differences in diffusion coefficients.[®! In order to monitor mechanical
properties in relation to the microstructure, precise knowledge of the precipitation state at

the end of a thermo-mechanical treatment is of prime importance.

For this purpose, various computer models have been developed in the past allowing for a
prediction of the influence of process parameters on microstructure, carbon distribution
between different phases and the state of precipitation.®1%11.12] |n the present work, the
software package MatCalc 3! is utilized throughout, since it provides a thermodynamic
engine based on CALPHAD-type databases as well as a multi-component multi-phase
precipitation kinetics engine, which is particularly suitable for application to complex
technical alloys with several alloying elements and various types of precipitates. Application
of this software and details on the underlying simulation models have been described in,
e.g., 111415161 The study of micro-alloying effects in TRIP steels is a relatively recent topic of
research due to their more complex physical metallurgy compared to conventional high
strength low alloyed (HSLA) steels. The higher C content of TRIP steels (up to ~0.25 wt-%)

accelerates the kinetics of carbide precipitation during processing.

In micro-alloyed TRIP steel, the precipitates are present in a complex triple-phase
microstructure, consisting typically of ferrite, bainite and retained austenite. The
microstructure is formed after intercritical annealing (1A) and a subsequent isothermal
annealing in the bainitic transformation region, denoted as overaging (OA). The C content in
austenite is increased, both, during IA and during OA. The C enrichment during OA is the
result of the suppression of the formation of carbides during the bainitic transformation, due
to the presence of alloying elements, such as, Al and Si. The enrichment of C increases the
thermodynamic stability of the austenite and, consequently, makes it possible that austenite

is retained upon cooling to room temperature.[17:18]
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The aim of the present study is to characterise and quantify the precipitation state in the
multi-phase microstructure of the investigated TRIP steel during processing by means of
computational thermokinetics. In the analysis, mean radii, phase fractions and number
densities of precipitates are calculated and compared to experimental results. The
precipitation state is presented at different stages of the thermo-mechanical treatment, i.e.

before coiling, after reheating to IA temperature and in the OA step.

2. Experimental

2.1 Investigated material

The chemical composition of the investigated TRIP steel is summarized in Table 1. The C
content of this steel grade is kept low at 0.22 wt-% due to the requirement of good
weldability, while the Si content is limited to 0.6 wt-% in order to guarantee suitable
galvanisability. The addition of 0.8 wt-% Al supports Si in suppressing cementite formation in
bainite, which consequently produces an adequate TRIP effect. In order to investigate the
influence of micro-alloying in TRIP steels, 0.04 wt-% Nb and 0.1 wt-% V are simultaneously

added to the final composition.

Element C N Si Mn Al Vv Nb

Contentin wt-% | 0.22 | 0.004 0.60 2.26 0.82 0.10 0.04

2.2 Thermo-mechanical treatment

The investigated steel is industrially cast and processed as shown in Figure 1. After

continuous casting, the cut slabs are homogenized in a reheating furnace at 1200°C for
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about 2 h and subsequently hot rolled to a thickness of 3.4 mm using an industrial hot rolling
mill. The finishing and coiling temperatures are 900°C and 650°C, respectively. After hot
rolling, the sheets are pickled and cold rolled to a final thickness of 1.5 mm. The cold rolled
sheets are annealed in a continuous annealing line (CAL) with an IA temperature of 820°C
followed by OA in the bainitic region at approximately 425°C in order to obtain the final TRIP

microstructure.

TA

Clo o o2 os, o

AR

reheating + hot rolling

coiling 0A

\J

A schematic representation of the heat treatment with the active matrix phases during the
process is shown in Figure 1. Starting from pure austenite (yo) after reheating, the steel
decomposes into ferrite (ap) and pearlite (a0+0). The continuous casting step is neglected in
the present analysis because the reheating step leads to a fully austenitic microstructure

with all precipitates dissolved. During the later stages of the industrial heat treatment, the
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steel evolves into ferrite (a1) with a different C content than ao, pro-eutectoid ferrite (az),
carbide-free bainite (as), retained austenite (ys3), and martensite (a’). Each of these
constituents has particular microstructural features with a distinct chemical composition,
which impacts the precipitation state. y1 and y2 denote intermediate austenitic
microstructural states during the evolution into the final multi-phase microstructure.

2.3 Microstructural characterization

The steel microstructure is revealed by LePera colour etching [*], where ferrite appears in
blue color, bainite is dark and retained austenite/martensite islands can vary from white (a
higher C content) to brownish (a lower C content).. The grain sizes of ferrite and retained
austenite are determined by the mean intercept method?%. The length of test lines with a
defined distance from each other are measured per particle in three directions: 0, 45 and
90°. The mean intercept length is the arithmetic average of all measured lines. The analysis

involves the measurement of 25 ferrite and 25 retained austenite grains, respectively.

In order to determine the volume fraction of ferrite, image analysis is employed on 15 colour

etched micrographs.

The fraction of bainitic ferrite in the investigated steel is characterized by means of
dilatometric experiments using a Bahr dilatometer DIL 805A/D with the sample dimensions
of 1.5x3.1x10 mm? prepared from the as cold rolled initial state. To evaluate the fraction of

bainitic ferrite, the normalized length of the dilatometer Blnorm (%) is used:

Alyorm = — 100 (1)

lmax

where | is the instantaneous length (um), lo (um) is the initial length at the beginning of the

overaging and Imax (Um) represents the total length after quenching to room temperature.
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The amount of retained austenite is measured by X-ray diffraction (XRD), whereas the C
content of retained austenite is calculated from the XRD data using the equation proposed

by Dyson and Holmes[?1l,

Thin foils were produced for high-resolution scanning transmission electron microscopy (HR
STEM) observations by mechanical grinding of disks of 3mm diameter followed by electro-
polishing in acetic acid containing 5-10% perchlorid acid. A Philips CM20 with an acceleration

voltage of 200kV is used for TEM analysis.

The equivalent circle diameter (ECD) of 120 to 150 precipitate particles is determined
separately in ferrite and austenite from the TEM images. The precipitates are identified by
Selected Area Diffraction (SAD) and Energy Dispersive X-ray (EDAX) analysis. Further
information on mechanical properties and experimental details related to the investigated

Nb-V micro-alloyed TRIP steel is described elsewhere.®!

3. Results and discussion

3.1 Microstructural observation

Figure 2 shows the light optical microscopy (LOM) image of the microstructure with LePera
colour etchant. The microstructure of the steel in the as-produced state consists of a ferritic
matrix surrounded by bainitic and retained austenitic/martensitic islands. The grain size of
ferrite and retained austenite/martensite determined by the mean intercept method is

(3.9+0.6) um and (1.65+0.1) um, respectively.

Figure 3 illustrates the scanning electron microscopy image (SEM) representing the detail of
the final microstructure with the emphasis on the location and morphology of the bainitic

ferrite. This microstructural compound has a globular morphology and is exclusively located
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between the retained austenite/martensite islands. The globular morphology indicates a
nucleation mode from the existing precipitates rather than the typical nucleation mode from

the grain boundaries as known in the case of lamellar bainite.

Figure 2. LOM of the final steel microstructure; ferrite (a)...blue; retained austenite (y3)/martensite (a’)...white to

brownish; bainitic ferrite (a3)...dark

Figure 3. SEM image depicting the areas of globular bainitic ferrite in the final steel microstructure
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3.2 Precipitation state

TEM micrographs, representing the precipitation state in ferrite and retained austenite, are
shown in Figure 4. Ferrite and retained austenite contain numerous small precipitates
identified by SAD and EDAX as mostly pure carbides, i.e., Nb-rich precipitates with small
amounts of V, as well as V-rich precipitates with minor amount of Nb. Co-precipitation and
formation of complex solution phases, i.e., Nb+V containing precipitates, are observed to a
very limited extent. The diameter of precipitates in the ferrite and retained austenite is
determined with 13.5 £ 5.4 nm and 9.8 + 4.2 nm, respectively. The density of precipitates is
higher in ferrite compared to all low temperature transformation products, i.e. bainite,
retained austenite and martensite. The precipitate density in ferrite is observed with 120 +

46 particles per um? and in retained austenite with 90 + 38 particles per um?2.

Figure 4. TEM micrograph including precipitates in ferrite (left) and austenite (right)

3.3 Phase fraction

Table 2 summarizes the experimental results for the volume fraction of individual
microstructural constituents during the final CAL heat treatment and the C content of
retained austenite after cooling to room temperature. At Tan of 820°C, 50 vol.-% of ferrite
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and 50 vol.-% of austenite is measured by means of image analysis. During cooling from IA to
OA, an additional 5 vol.-% of pro-eutectoid ferrite is formed. In the OA section, ~20 vol.-% of
carbide-free bainite is formed. 15.5 vol.-% of austenite persist after final cooling to room
temperature. The retained austenite contains 0.87 wt-% of carbon as determined indirectly
by XRD. It is important to note that this value is a mean value of C in the austenite that is
formed during IA, which is only slightly enriched in carbon during the bainitic
transformation, and austenite films that are trapped between the bainitic ferrite plates or
sheaves.[?223] The latter are supposed to be more enriched in C, however, no measurement
has been performed to obtain corresponding information. Some fresh martensite (9.5 vol.-

%) forms upon final cooling due to the partially insufficient stabilization of retained

austenite.
Heat treatment i as Vi3 Cinys o
Tan/tan+Toa/toa
820°C/60s 50 - 50 -
820°C/60s + 425°C/0s 55 - 45 -
820°C/60s + 425°C/360s +RT 55 20 15.5 0.87 9.5

4. Simulation/Modelling

4.1 General considerations

To simulate the entire production process of a material with a complex multiphase
microstructure, the effect of different matrix phases, e.g., ferrite and austenite, on the
precipitation kinetics must be considered. Therefore, the simulation performed in MatCalc
utilizes different precipitation domains with certain thermodynamic matrix phases and C

levels. These are domains for pure ferrite, austenite and marteniste, as well as domains
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representing complex structures, such as, pearlite and bainite. To take primary precipitates
into account, which can form in the course of the continuous casting process in the liquid
state, a Scheil-Gulliver calculation is carried out beforehand. The primary precipitates
observed in these simulations are transferred into the kinetics simulation in the form of
Gaussian-distributed precipitates with a mean radius of 2 um. The number density of
primary precipitates is determined from the size distribution as well as the phase fraction of
primaries at 3% residual liquid from the Scheil-Gulliver simulation. Generation of the primary
precipitate distribution with appropriate chemical composition of the particles is performed

automatically through the MatCalc software.

In additional preliminary simulations, it is observed that the smaller non-primary precipitates
that appear after the solidification process and during the reheating step, dissolve again
during holding at the reheating temperature. Consequently, the simulations start with the
reheating step including the primary precipitates. This is done because primary precipitates
are usually of several um size and they are not significantly altered in the course of any heat
treatment step following solidification. The phase transformations that occur before this
heating step are neglected, as well as the secondary precipitates, since these are fully

dissolved again, in contrast to the primary precipitates.

When the material is held at the reheating temperature, homogeneous austenite with
primary precipitates persists, being the starting point for the precipitation kinetics
simulation. To get an overview of the simulation steps, the general structure, and the
precipitation domains that are active during each step see Figure 5. Figure 6 shows the
course of the thermo mechanical treatment. The precipitation state at the end of each

simulation step is used as starting condition for the next part of the simulation. The
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thermokinetic setup that is used and a detailed description of the simulation steps are given

subsequently.
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Figure 6. Schematic illustration of the active precipitation domains during simulation of the thermo-mechanical

treatment.

4.2 Thermokinetic setup

For the numerical simulation of precipitation during processing of the TRIP steel, the
software package MatCalc 3, version 6.03.1000, in combination with the thermodynamic
database mc_fe.tdb (v2.060) and the diffusion database mc_fe.ddb (v2.012) is used. The
phases LIQUID, FCC_A1 (austenite and MX-type carbides, with M ... Ti, Nb, V, and X ... C, N),
BCC_A2 (ferrite/martensite), ALN, and CEMENTITE are included in the calculations. The
selected properties are summarized in Table 3 for the thermokinetic matrix phases
(austenite, ferrite) and in Table 4 for the precipitate populations together with further
information on the parameters used in the dislocation density evolution model (ABC-model)
(111241 3nd the diffuse interface energy model 12 with the regular solution critical

temperature, Terit, as relevant input parameter.
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MC Phase Dicrlillll(kgllju)r}]ml:)/l;:;] Grain size [um] DD Evolution []
A B C
Austenite FCC_A1l 101 1.65 50 1 10*
Ferrite BCC_A2 102 4 50 2 103
Phase Nucleatio | Nucleatio Major Volumetric | Terit®st | Tede™
(MatCalc Alias) n Site n model | constituent misfit [-] [K] [K]
s
FesC d m Fe, C - - -
(CEMENTITE)
AIN d+g o] Al, N 0.27 - -
(ALN)
NbC d m Nb,C 0.1 2900 | 3800
(FCC_A1#01)
VC d 14l m Vv, C - 1900 2200
(FCC_A1#02)

A conventional precipitation kinetic simulation in MatCalc starts with the nominal
composition of a homogeneous matrix as major input data, takes the prescribed thermo-
mechanical treatment conditions and lets the system evolve in time through numerical
integration of the evolution equations. In the preliminary simulation step, thermodynamic
equilibrium calculations with the nominal composition are performed to determine the
choice of composition sets for precipitates [2°! in the subsequent precipitation kinetics
simulation. Starting in the liquid one-phase phase field, the temperature is gradually lowered
down to 400°C according to the prescribed heat treatment. In addition to the expected
matrix phases, &-ferrite, austenite, a-ferrite and cementite, various precipitate phases are
observed, i.e., micro-alloying carbides (VC and NbC) and nitrides (AIN). For the two carbide

phases, composition sets are generated on basis of the parent FCC_A1 phase with the major
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constituent of C on the interstitial sublattice and V and Nb on the substitutional sublattice,
respectively (Table 4). They are denoted by a hash (#) and indices 01 and 02. The
abbreviations “m” and “o0” for the nucleation-composition models in Table 4 refer to the
nucleus composition models with minimum nucleation-barrier, ortho-equilibrium (maximum

driving force)?®, respectively.

4.2.1 Primary precipitates

Since the models for kinetic calculations in MatCalc have been developed for solid-solid
transformations 2], primary precipitates forming in the liquid state must be taken into
account indirectly with the help of a Scheil-Gulliver simulation. Due to the fact that these
first precipitates already pick up and bind alloying elements, they alter the overall chemical
composition of the matrix phase (i.e. the precipitation domain) and, therefore, need to be
taken into account in an accurate simulation. Primary precipitates nucleate and grow in the
residual liquid pockets before final solidification during casting. Although primary
precipitates are commonly not further involved in the evolution of precipitation reactions
after solidification due to their large size and wide spacing, they can still potentially impact
the secondary precipitation behaviour after solidification. With the help of the Scheil—
Gulliver-simulation as integrated in MatCalc and described in Ref. [27], size distributions of
primary precipitates with experimentally observed mean precipitate radius and volume
fraction given from the Scheil-Gulliver simulation, can be calculated and set up for the
kinetic simulation. For the TRIP steel under investigation, AIN and NbC are found as primary

precipitates at 3% residual liquid.

4.2.2 Evolution of precipitation domains
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The phase fractions found in the equilibrium and Scheil-Gulliver simulation are used in the
precipitation calculation to account for a correct initial state, which serves as starting point
for kinetic calculations in the fully solidified material (yo). The simulated heat treatment
begins with the reheating step at 1200°C for about 2h after continuous casting followed by a
hot rolling step with implemented dynamic dislocation density evolution % in the

simulation.

After hot rolling, yodecomposes into two phases, ferrite (ao) and pearlite (ao+8). A time-
temperature transformation (TTT) diagram calculated with the Mesplont tool 28! for the
industrial process shows the first ferrite to be found at about 720°C. A supplementary
thermodynamic equilibrium calculation with MatCalc delivers only austenite, ferrite and
cementite as active phases, together with the precipitation phases set to dormant status.
The latter means that the simulation accounts for all elements confined in the precipitates
but does not alter their configuration (phase fraction and chemical composition) during
(constraint) equilibrium calculation. The first cementite phase appears below approximately

700°C, with 33% austenite present before start of the eutectoid transformation.

In the course of this reaction, the austenite phase becomes significantly enriched in C (0.64
wt-%) and decomposes into pearlite on cooling below the eutectoid point. In our
simulations, pearlite is represented as a mixture of ferrite and cementite phases. The
chemical composition of the pro-eutectoid ferrite and pearlite domains are estimated from
the thermodynamic equilibrium calculation at 700°C slightly above the eutectoid
temperature (point 1 in Figure 6) with all precipitate phases in dormant state, again. After
this transformation, each individual microstructure, i.e., ag (ferrite) and 0o+6 (pearlite),
including the respective precipitates, are treated independently during the further industrial

heat treatment (see scheme in Figure 6).
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A most critical factor in the further precipitation simulation of intercritical annealing (IA)
with the present approach is the estimation of the correct overall carbon content in each
precipitation domain. To get appropriate quantities, back transformation of the ao+8
pearlitic microstructure into austenite (y1) during reheating in the continuous annealing line
(CAL) has to be accounted for. Quenching experiments (Table 2) show an approximately
equal amount of austenite (y1) and ferrite (a1) after 60s at the IA temperature. Taking this
into account, the phase fractions in the simulation are adjusted such that the chemical
compositions calculated at point 1 are correctly weighted mean values representing an equal
distribution of the austenite and ferrite phase. Therefore, the carbon content in austenite
(y1) precipitation domain at point 3 is set to 0.42 wt-% and that of the ferrite domain to 0.02

wt-%.

Experimental results in Table 2 show that the final microstructure consists of 55 vol.-%
ferrite at room temperature. The additional 5 vol.-% ferrite are formed during cooling in the
CAL, when y1 decomposes into pro-eutectoid ferrite (az) and a carbon enriched austenite
(v2). When only looking at the austenite precipitation domain at this instance of the
simulation, the point of next phase splitting is determined such as to get 10% ferrite in an
equilibrium calculation as described above. The pro-eutectoid ferrite (az) line, starting at
point 4, is considered as a closed system for the rest of the heat treatment and attached to

the results of all ferrite domains in the end.

The carbon enriched austenite (y2) is cooled down further and held at the OA temperature
where bainite forms. The experimental results in Table 2 suggest that the final product
contains 20% bainite (a3) at the last partitioning reaction of the precipitation domain. XRD
measurements at room temperature, combined with the formula of Dyson and Holmes, 121

deliver 0.87 wt-% C in the retained austenite (y3). Since the bainitic transformation takes
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place at relatively low temperature, the diffusivity of the substitutional elements is many
orders of magnitudes lower than that of the interstitial alloying elements, in our simulation,
C and N 2%, As nearly all nitrogen is bound in AIN, the N content in the matrix is very low,
such that it is held constant in the simulation. Starting from point 4 in Figure 6, one has to
deal with only 45% of the whole microstructure, which decomposes further into carbide free
bainite (CBF) and retained austenite in a ratio of 4:5. In literature, the carbon content in CBF
is given with approximately 0.05 wt-% C 3%, With a starting value of 0.42 wt-% in y2, one,
therefore, obtains 0.81 wt-% C in austenite (y3) after the transformation. Table 5 shows the
active precipitation domains for each simulation step and their corresponding C

concentrations and volume fractions.

Precipitation domains
Simulation Carbon content [wt-%] Volume Fraction [%]
step

I Yo: 0.22 Yo --- 100

I ay: 0.011; ay + 6:0.64 ay: 66.6; ap+ 6:33.3

1 Y1:0.62; a4:0.02 y1:33.3; a4: 66.6

\Y y1:0.42; a,:0.02 ¥1:50; a;: 50

V a1:0.02; v,:047; a,:0.02 a1:50; y,:45; a,: 5

VI a1:0.02; y3:0.81; a,:0.02; a3:0.05 | a1:50; ay:5; y3:25; as: 20

4.2.3 Evolution of precipitates

In Tables 6 and 7, the mean radii of secondary precipitates are summarized during the
thermo-mechanical treatment for each precipitation domain. The C content in the domain,
in solid solution, and as percent of C in solid solution with respect to the total content are

also indicated.

The simulation starts at 0.22 wt-% C in the fully solidified material composed of an austenitic
precipitation domain with primary precipitates. The characteristic precipitation quantities,
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mean radius, number density and phase fraction, of primary precipitates (AIN and NbC) do
not change noticeably during the simulation. First secondary NbC precipitates occur at
dislocations, introduced through hot rolling, and grain boundaries, respectively, during
cooling down to 900°C. Secondary AIN precipitates together with the primary AIN leave
nearly no nitrogen in solid solution. This indicates that there is no more nitrogen available
for other precipitation reactions. The first VC forms at dislocations at about 750°C. At 700°C
(point 1), the overall carbon content changes to 0.011 and 0.64 wt-% in the ferritic and

pearlitic domains, respectively.

In the pearlite precipitation domain (ao+8), only few VC precipitates appear during coiling. At
room temperature, most of the carbon is bound in cementite, with a phase fraction of 0.1.
During reheating in the CAL, the pearlite transforms into austenite (point 2 in Figure 6) and
cementite dissolves completely above 750°C. The size of NbC and VC in the austenitic
precipitation domains increases only slightly from this simulation step on. After 60s of
intercritical annealing at 820°C, the C content of the austenite precipitation domain is
reduced to 0.42 wt-%, due to the transformation of ferrite to austenite (point 3 in Figure 6)
and the corresponding volume increase of this domain. The increasing C content at points 4
and 5 does not conceivably stimulate the precipitates to continue growing. Overall, the
simulation shows that approximately 99% of C remains in solid solution in all austenitic

precipitation domains.

The ferrite precipitation domains show an entirely different behaviour regarding the carbon
in solid solution, as outlined in Table 6. VC is the first precipitate to be found at 700°C,
followed by tertiary cementite (650°C), although, both, with a rather small phase fraction
and mean radius. At room temperature, VC has a mean radius of 3.6 nm. At 770°C, during

reheating in the CAL, the entire cementite is dissolved again and C diffuses into VC and NbC.
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From columns 2 and 3 in Table 6, it is apparent that the mean radius of VC increases

considerably and does not stop growing until point 5 is reached in the simulation. The small

decrease in size of VC from point 4 to 5 is due to the smaller precipitates from a;, which, up

to this point, grew in an austenitic matrix and, therefore, have remained smaller until then.

Table 6. Simulation results austenite; (a0+0) represents the pearlitic structure at point 1; precipitation domains in

column two represent the precipitation domain from the last simulation step before reaching the simulation point

designated in column one.

Simulation 1 2 3 4 5 final
point
Prec. domain Yo 0o+0 V1 Y1 Y2 Y3
NbC 152 | 3.19 3.1 3.1 3.21 3.21
[nm]
VC
045 | 4.91 4.92 4.92 5.01 5.01
[nm]
0,
C [wt-%] 022 | 0.64 0.62 0.42 0.47 0.81
domain
o/
Clwt-%lin 1 5518 | 0636 | 0,615 0.416 0.465 0.805
solid solution
%Cinsolid | g9 30c | 99.39% | 99.2% 99.0% 99.1% 99.4%
solution

Table 7. Simulation results ferrite; results found from point 4 on are a weighted average of al and a2 with respect to the

volume fraction (i.e. 9:1). precipitation domains in column two represent the precipitation domain from the last

simulation step before reaching the simulation point designated in column one.

Simulation 1 2 3 4 5 final
point
Prec. Domain Yo Ol o a1 a1+ a2 o+ o
NbC 152 | 3.05 3.27 3.8 3.8 3.8
[nm]
VC
045 | 357 8.31 8.85 8.54 8.54
[nm]
0
Clwt-%] 022 | 0011 | 0.2 0.02 0.02 0.02
in domain
-0, i
Clwt-%lin | 518 |0.0064 | 0.0133 0.013 0.0123 0.0123
solid solution
o
%Cinsolid | 5930 | 5820% | 66.5% 56.5% 61.5% 61.5%
solution
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No experimental investigations concerning the precipitation state in bainite and martensite
have been done. Yet, it can be assumed that precipitates in these constituents of the final
microstructure do not differ a lot from that in austenite at RT, since diffusivities of
microalloying elements are very low at temperatures below 500°C. The simulation results
support this assumption because there is no change in size distribution or volume fraction of
NbC and VC observed between point 5 and the final states in austenite ys and bainite as.
According to this observation, an inhomogeneous C distribution in austenite, which could
arise during bainitic transformation, should have limited impact on the final state of
precipitation, thus reasoning the simplification of a homogenous C distribution in austenite
during the last simulation. Secondary AIN precipitation is fully accounted for in the
simulation. These precipitates have a rather small mean radius and number density, which is
not in disagreement with the experimental data, where they could not be identified due to

their small size.

The calculated precipitate diameters in ferrite and retained austenite are finally compared
with the experimental data obtained by HR-TEM. In ferrite, the calculated diameters of the
large VC (2 x 8.54 nm = 17.08 nm) and smaller NbC (2 x 3.28 nm = 6.6 nm) correlate well with
the experimental value (13.5 + 5.4 nm). In the retained austenite, the calculated precipitate
diameters are (2 x 3.21 nm = 6.4 nm) for NbC and (2 x 5.01 nm = 10.0nm) for VC, which again

matches with the experimental data (9.8 + 4.2nm).

The mean radius for NbC, which is approximately 3 nm in the simulations for all precipitation
domains of the final microstructure, is difficult to compare with experimental data, since the
smaller part of this distribution with very small radii (< 2 nm) is difficult to measure even
with HR-TEM. If only precipitates with a radius larger than 2 nm are considered in the

evaluation of the mean radius, the radius would be approximately 4.0 nm (diameter of 8 nm)
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for all precipitation domains present at the end of the simulation, thus being in fair

agreement with experimental data.

Under the assumption that the TEM sample is approximately 100 nm thick, the
experimentally obtained precipitate densities of 120 * 46 particles per um? in ferrite and of
90 + 38 particles per um? in retained austenite correspond to (1.2+0.46)-10%! and
(9.0+0.38)-10%° particles per m3. If all precipitates from the simulation with a radius
exceeding 2nm are considered, the calculated number densities are 1.9-10%! and 1.5-10%* per
m?3 for ferrite (a1+ az) and retained austenite ys, respectively, which are in the same order of
magnitude as experimental data. The experimentally observed tendency of a higher number
density of precipitates in ferrite when compared to austenite is also observed in the

simulation.

5. Conclusion

The present work introduces a comprehensive approach to predict the precipitation kinetics
in a multi-component multi-phase microstructure in each processing step of micro-alloyed
TRIP steel using the thermo-kinetic software MatCalc. The results of the computer
simulation are critically compared to the experimental data. The following conclusions are

made:

1. A correct and predictive estimation of the C distribution among individual
precipitation domains is the most important factor governing the precipitate
evolution in the present system. The C distribution is strongly dependent on the
phase fractions and C solubility in the individual microstructural components

(austenite, ferrite, pearlite, bainite and martensite).
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NbC predominantly nucleates during hot rolling and grows during the coiling process
in ferrite and pearlite. Only minor NbC coarsening is predicted to take place during IA
in CAL for the intercritical ferrite and austenite.

VC precipitates to a smaller extent during the hot rolling process when compared to
NbC due to their higher solubility. The VC precipitates grow to their final size in the
CAL. Due to a lower solubility of VC in ferrite compared to austenite, VC precipitates
form predominantly in the ferritic phase. This is confirmed by the experimental data
using HR-TEM.

Good agreement with experimental data is achieved by the model calculations in
terms of mean precipitate size.

Calculated precipitation densities are in qualitative agreement with experimental
data. The tendency of a higher number density of precipitates in ferrite when
compared to austenite, indicated by experimental data, is also observed in the
simulation.

A simulation approach to simulate precipitation evolution in a complex
microstructure is applied to the production procedure of a micro-alloyed TRIP steel.
This simple, yet versatile method to simulate precipitation kinetics in multi-phase
steels can likewise be applied to a variety of production processes in order to obtain
insights on factors that influence the evolution of precipitates and, therefore,

mechanical properties of the final product.
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Abstract

In this work, a methodology for the computational analysis of some essential microstructural
features of a bainitic microstructure is developed. The focus lies in the accurate prediction of the
ferritic subunit size, the thickness of the residual austenite films, their corresponding C-enrichment
and the accompanying stabilization of the residual austenite. Basis of the approach is the To-
temperature concept in combination with the numerical simulation of C-diffusion profiles utilizing
the cell diffusion module of the thermokinetic software package MatCalc. This methodology gives the
opportunity to predict the C-distribution under consideration of consecutively forming subunits,
which is necessary to estimate the C-content of austenite films. The simulations also take into
account the effect of C trapping at the dislocations formed inside the ferritic platelets due to plastic
deformation and its influence on the chemical potentials. Good agreement is achieved between
measured and predicted retained austenite layer thickness and the C-enrichment of the layers

accompanying the C redistribution process.

Introduction

Steels with a bainitic matrix have recently regained focus of steel-producing companies. Their special
properties, on the one hand, and lean alloying concepts, on the other hand, which are in the region
of low alloyed steel, make this material grade particularly interesting. However, bainite is probably

the one steel microstructure where the discussion about the underlying phase transformation
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mechanisms, i.e., the nucleation and growth of the ferritic subunits and the lengthening and

thickening of the bainitic sheaves, is still very controversial [1].

The variants of bainitic microstructures are manifold and they depend on the combination of
chemical composition and temperature in a complex manner. Knowledge about the geometry of the
bainitic ferrite platelets, the thickness of the retained austenite films and their C-content as well as
possible Fe-carbide precipitation in either the ferritic platelet or the retained austenite are of great
importance in the development of new steel grades and the choice of adequate heat treatment

parameters.

Since cost saving is a major aspect for steel industry, the aspired bainitic microstructure should be
achievable by an overall chemical composition, which corresponds to that of a low alloyed steel
grade. These alloys provide good weldability, which is an important factor for further processing of
bainitic steel products [2][3]. In particular, the focus is on Transformation-Induced-Plasticity (TRIP)-
aided steel. The TRIP-effect denotes the stress or strain-induced transformation of (residual)

austenite to martensite and the accompanying plastic deformability.

TRIP steels achieve a superior combination of strength and formability [4][5]. Their microstructure
consists of bainitic ferrite platelets (subunits) with C-enriched, thin austenitic films in between. A
conglomerate of these subunits with the same orientation is called a bainite sheaf. Eventually, a
certain amount of residual (blocky) austenite is also present in these microstructures, which does not
transform into bainite during austempering [6]. Figure 1 shows schematically the structure of the
described microstructure. The enrichment of carbon is generally higher in the film-like austenite due
to its location between two bainitic ferrite platelets. Since the blocky austenite has a lower level of C-
content and, therefore, less mechanical stabilization compared to the austenite films that are
trapped between ferrite plates, it is more likely to transform to martensite at relatively small stresses

or strains or during cooling to room temperature [7].

GB

blocky/residual ferritic subunit
austenite

austenite films
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The brittle high-carbon martensite that forms at early stages of straining from blocky retained
austenite can have negative effects on mechanical properties [8][9][10]. Films of retained austenite,
which are more stable because of their higher carbon content and geometry, are potential
microstructural features that improve toughness through the TRIP-effect [11][12][13][14]. Since the
film-like retained austenite is a crucial part of the microstructure of many steels, which utilize the
TRIP effect, it is important to understand the influence of temperature and composition on the

properties of these features.

Chang and Bhadeshia [15] introduced a model that describes the thickness of austenite films based
on the C diffusion profiles around the ferritic subunits. This approach was adopted by Li et al. [16]
and further improved by adding a second subunit. While these models already deliver important
insights into the distribution of C within a bainitic microstructure, they do not take into account
important factors, which affect the C diffusion in this complex environment. In these models, the C
diffusion is described with an analytical approach that does not consider factors, such as, the
influence of C concentration on C diffusivity. Additionally other mechanisms, which influence the
diffusion of C, like dislocation density and trapping of C, can be considered with the approach of this
work as will be shown in the following sections. Especially at low temperatures, the effect of C
trapping can have a major impact on the resulting C distribution. A better understanding of the
evolution of C distribution in bainitic microstructures can help to improve mean field models, which
describe the overall transformation kinetics of bainite. Mean field models often assume that the
diffusion of carbon from supersaturated subunits into the surrounding austenite happens
instantaneous or only describe it based on simple analytical approximations [17][18][19][20]. It is
shown in Ref. [21] that a mean field approach that describes the effect of C diffusion within the
bainitic microstructure with an empirical relation improves its ability to predict the bainite
transformation kinetics. The approach proposed in this work therefore aims, among other things, to
provide insights into the C distribution during bainitic transformations, which can be used to identify

possible improvements in mean-field models.

The present work introduces a versatile modeling and simulation concept for carbide-free bainite,
which is produced via an isothermal heat treatment at the so-called austempering temperature. The
target is to simulate the metallurgical processes involved in the formation of the bainitic
microstructure utilizing the To-concept as suggested by Bhadeshia [22] with thermodynamic and
kinetic data from CALPHAD-type databases [23][24] as well as the diffusion module of the

thermokinetic software package MatCalc [25], which is used for the numerical solution of the
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diffusional C-redistribution between ferritic subunits and residual austenite films accompanying the
formation of the bainitic microstructure. Trapping of C atoms at dislocations inside the ferritic
platelets is fully taken into account in the simulations on basis of the model developed recently by
Svoboda et al. [26][27][28] as well as utilized in the discussion of C-diffusion in the plastically

deformed austenite surrounding the platelets.

Structure and thermodynamics of bainite

To-concept

The first step in the computational analysis of bainite formation is the estimation of the bainite start
temperature during cooling from austenitization temperature. Although controversial hypotheses on
the mechanism of bainite formation exist [1], the present authors assume that bainite formation is
mostly a partitionless displacive transformation with the formation of a ferritic subunit in the first
step, in accordance with the model suggested by Bhadeshia and Edmonds [6]. Any diffusional
redistribution of C-atoms between ferritic platelet and residual austenite occurs only in a subsequent
step, after the platelet formation has completed. For a comprehensive description of this topic,

reference is made to Bhadeshia [22].

For the description of bainite nucleation, the To-concept is adopted. To denotes the particular
temperature where the transformation parent and product phases, i.e., austenite and ferrite, have
identical free energy at identical chemical composition. Consequently, any partitionless phase
transformation can occur only below this characteristic temperature [22]. Since the partitionless
transformation from austenite to ferrite involves shear forces and a change in molar volume, a
certain amount of mechanical energy must be expended to make the transformation commence. The
corresponding amount of energy has been estimated to be in the order of 400 J/mol in an Fe-Ni-Si-C
steel [29]. Depending on chemistry and the inherent strength of the parent austenite, this value can

change and it is generally higher in higher strength alloys.

If this excess energy is taken into account in the To-concept, the actual transformation start
temperature becomes Ty'. Figure 2 shows examples for calculated To and Ty’ curves for a steel with a
classical TRIP-steel composition of 1.5 wt% of Si and Mn utilizing MatCalc with the corresponding

thermodynamic and mobility databases [23].
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In addition to predictions of the bainite start temperature, the To-concept also allows for some
estimation of the bainite transformation stop conditions. Under certain circumstances, the growing
bainitic sheaves, which represent groups of subunits with intermediate austenite layers, lead to a C-
enrichment of the remaining untransformed austenite. According to this concept, Fig. 1 shows that
the To’-temperature decreases with increasing C-enrichment in the austenite and, eventually, the
bainite reaction comes to a stop before all parent austenite has transformed. This effect is often

referred to as the “incomplete reaction phenomenon” [6][30][31].

In order to determine the stability of the residual austenite against a martensitic transformation
during cooling to room temperature, it is important to have information also on the martensite start
(Mg) temperature. Likewise the Bs temperature, which is given by the Ty’ temperature, the value of
Mg can also be estimated on basis of the To-concept. The major difference between the bainite and
martensite transformations is that the latter is an entirely athermal reaction, i.e., it is independent of
the cooling rate and it involves higher driving forces to initiate the transformation. Typical values for
martensite driving forces in low alloy steels are in the order of 1200 to 1700 J/mol [32]. In higher
alloyed steels, the necessary driving forces to initiate the martensite transformation can exceed

these values substantially, however.

In Figure 3, Mg-temperatures are calculated via the To-concept and compared to different empirical
equations for Mg-temperatures from literature [33][34][35][36]. Accordingly, a C-content between

1.3 and 1.4 wt% stabilizes austenite down to room temperature. For the bainite transformation, this
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observation means that a minimum C level of approximately these values is necessary to stabilize the

retained austenite films between the ferritic subunits.
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Figure 3: Comparison of Mg-temperatures calculated via the To-concept and empirical equations from literature

(Composition: 1.5 wt% Si, 1.5 wt% Mn, balance Fe). Grain size for equation from Lee and Park, 2013, is chosen as 50 um;
[331[34][35][36].

The numerical model

In this section, the concepts of the numerical simulation strategy are outlined. According to Chang
and Bhadeshia [15], the austenite film thickness is controlled by the diffusion field of C around a
bainitic ferrite platelet into the surrounding residual austenite. This assumption has also been

adopted by Li et al. [16] to calculate the C-enrichment between two bainite subunits.

In this manner, the present model is based on the assumption of a displacive formation mechanism
of the bainitic ferrite plates (=subunits), with subsequent partitioning of the excess C from bainitic
ferrite into the surrounding austenite as described by Bhadeshia [22]. According to this mechanism, C
starts to diffuse out of the ferrite platelet, having a rather low solubility for C, into the austenite,
having a comparably high C solubility. As a consequence, a C diffusion profile develops from the
ferritic platelet into the residual austenite. Since C-diffusion is a thermally activated mechanism, this
process takes time depending on the transformation temperature. The main feature of this concept
is now that the austenite attached to the ferrite platelet develops a more or less steep concentration

profile with the maximum being located at the ferrite/austenite interface (Figure 4).
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According to the Ty'-concept, newly formed parallel subunits, which originate from the same sheaf,

can approach the initial subunit during transformation only so close until the C-concentration of the

residual austenite reaches the value given by the To’-temperature. Once the displacive

transformation has stopped, the retained austenite film between the original and the new ferritic

platelet absorbs C also from the new platelet (Figure 4). According to Chang and Bhadeshia [15] and

Li et al. [16], the following assumptions can be employed:

ii)

i)

C diffusion is only taken into account in the thickening direction of the bainitic subunits.

Due to the significant lengthening of the bainite plates, other directions can be neglected.

Subunits parallel to the initial subunit form as soon as the initial subunit is decarburized.
This implies that the time between subunit formation is equal or higher than the time

needed for decarburization of the initial plate.
The adjacent subunit has the same size as the initial subunit.

The time needed for a subunit to grow to its final size is comparably fast and can be

neglected, i.e. subunits reach their final size almost instantaneously.
Precipitation of carbides in austenite and bainitic ferrite can be neglected (carbide-free
bainite).
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To apply the present model, the Ty’ curve is first calculated to obtain the C content up to which a
bainite platelet can form. Figure 5 shows an example of a To’-curve for a 0.4C-1.5Si-1.5Mn steel,

where the critical carbon content at 400°C is marked.
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Figure 5: Calculated Ty'-curve for a 0.4C-1.5Si-1.5Mn (wt%) steel. Ta is the austempering temperature
(400 C) and Cro’ is the C-content up to which an adjacent bainite platelet can grow.

The diffusion calculation is performed in a planar 1-D geometrical setup in the cell simulation module
of MatCalc, which utilizes a finite differences scheme to calculate transient multi-component
diffusion profiles. The evolution of carbon content in the individual cells after solving Fick’s law of

diffusion implicitly is given by,

Dijs1At  Dyy_qAt At
[1 + (lAlx)2 (lAlx)2 ] ¢ - (ax)? [Di'iﬂcit:l * Di'i_lcitfl]

— At
=cj,

(1)

where cf is the carbon content of cell i at the time t, and ¢f* at the time t + At. D; i+1 is the mean
diffusion coefficient of the cells i and i + 1 and D; ;_ is the mean diffusion coefficient of the cells i

and i — 1. A system with N cells therefore is a linear equation system of N equations in N variables.

At phase boundaries, additionally a flux ] due to differences in chemical potential p is considered.

This flux is given by,
Dc ou
TR dx )
g
with D being the diffusion coefficient, ¢ the concentration, x a 1D planar spatial coordinate and R,

the gas constant. In discretized form, the flux J; ;4 for cell i if a phase boundary exists between cell i

and i + 1 is then calculated by,

Jiins = Dijiv1Ciiv1 Hi — Hiv1
Li+1 — 7 ’
ReT  |x; — xi44]

(3)
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where D; ;14 and ¢; ;44 are the arithmetic mean values of diffusion and carbon concentration of the
cellsiand i+ 1, ¢; ;1. The change of C concentration in cell i is then calculated with

_Jii+14ii1

Ac;
Ci Vi

At, (4)

with A; ;1 being the area between cells i and i + 1 and V; being the volume of cell i. In our 1D
simulation, the factor 4; ;1 /V; can be reduced to a division by the thickness of the cell. The change
in concentration is added to equation 1 on the right hand side if a cell is located next to a phase
boundary, i.e. if a neighboring cell has a different matrix phase. The diffusion coefficients for each
cell are taken from the diffusion database mentioned earlier [23]. More details and use cases with
this approach can be found in Ref. [37] and [38]. The effect of dislocation density and other factors

on the diffusion coefficients of C will be described in later sections of this work.

A main advantage of this numerical cell diffusion approach over analytic approximations is that the C
diffusivity in each cell is evaluated as a function of the current chemical composition, the dislocation
density and temperature. Different geometrical configurations with a number of bainitic subunits can
be studied easily and, finally, each cell can perform a fully coupled precipitation kinetics calculation
to evaluate the simultaneous long-range diffusion of C and precipitation kinetics of carbides inside
the ferritic platelet. The latter is not carried out in the present analysis since it is assumed that the

investigated alloys are carbide-free, however, it will be in the focus of follow-up future work.

In the simulation, initially, the FCC_A1 (austenite) phase with a chemical composition corresponding
to the nominal composition of the investigated alloy is assigned to each cell (to). In the process of
formation of a ferritic platelet, the status of the transforming cells is instantaneously switched to the
BCC_A2 (ferrite) phase. The interface between the two phases is assumed to be mechanically
arrested and it remains stationary throughout the further simulations. The assigned phase and its
composition define the chemical potential and diffusional mobilities of elements within each cell
and, thus, the multi-component diffusion kinetics in the course of the elemental redistribution
process. Additional microstructural properties, such as, the dislocation density, are likewise assigned
and impact the simulation results. The size of the one-dimensional diffusion simulation box is chosen
as 500 nm, which corresponds to the necessary size for representation of an entire C-profile over

several ferritic platelets and the remaining residual austenite.

When the simulation is started, a certain number of cells, corresponding to the half-thickness of a
bainite subunit, is switched from FCC to BCC on the left side of the simulation box. This choice is
done due to symmetric boundary conditions on the left end. The simulation then runs until the
ferrite platelet is depleted from C, but without equilibrating the carbon content of the austenite (t1).

At this moment, the simulation is interrupted, and the thickness of the austenite film is read from the
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C-profile plot at the critical C-content as shown in Figure 6. The data in Figure 6 are taken from an

example simulation fora 0.4 C- 1.5 Mn - 1.5 Si wt% steel.

Starting with this cell, additional right-neighboring cells, representing the full thickness of a new
bainitic subunit, are changed from FCC to BCC and the diffusion simulation continues. The simulation
is again interrupted, when the new ferrite platelet is depleted from C (t;). The C-content of the layer
between the two ferrite platelets is taken as calculated C-concentration of retained austenite films of
the corresponding alloy at a given temperature. The described simulation steps and an example of
the corresponding C-concentration profile is given in Figure 6. The temperature in this simulation is

400 C.
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Figure 6: Scheme of the simulation steps for the cell diffusion calculation. a: to, initial state with nominal C-content, Cy, in
all cells; b: t;, carbon profile after decarburization of the ferritic bainite platelet (=subunit), another bainite platelet is
inserted into the simulation; c: t;, second bainite subunit has reached its equilibrium C-content; thickness of the
austenite film d,, thickness of a bainite subunit d. C, is the C-content of the ferritic subunits in equilibrium (~0.02)

68



Results

Austenite film thickness

The capabilities of the present model to predict the thickness of austenite films is first challenged on
experimental data from Refs. [15] and [39]. Chang and Bhadeshia [15] have used these data in order
to show that the austenite film thickness depends on the diffusion of C out of the ferritic bainite
plates into the surrounding austenite. For these alloys, a full set of experimental data consisting of
composition, bainite plate thickness, austenite film thickness and temperature are reported. Table 1
summarizes the composition of the investigated alloys. Composition, bainite plate thickness and
temperature are used in the following as input parameters for the cell diffusion simulation, which

delivers the austenite film thickness as a result.

Alloy C Si Mn Cr Ni
A 0.27 1.98 2.18 1.9 0
C 0.46 2.1 2.15 0 0
E 0.1 1.77 2.12 0 2
H 0.1 1.63 1.99 1.97 0

Figure 7 compares the austenite film thicknesses as predicted by the present model and using the
assumptions (i) to (v) made in the “Numerical model” section with measured values from the
aforementioned references. Interestingly, the measured film thickness is systematically larger than
the calculated one. A comparable trend has been observed in the original analysis by Chang and
Bhadeshia [15], where a similar modelling approach has been used. According to these authors, this
underestimation of film thickness could stem from the assumption that successive parallel bainitic
subunits form as soon as the existing platelets reach their equilibrium C-content. This assumption is,
in its nature, intuition-based rather than founded on sound metallurgical basis and it is further

investigated, next.
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Figure 7: Measured and calculated austenite film thickness assuming nucleation of successive subunits to commence as
soon as the first platelet has become depleted from C. Experimental data from ref. [15].

The present numerical simulations indicate that the depletion of a bainite subunit from Cis a rather
fast process, which is typically finished within the range of roughly 0.01 to 0.2 seconds, depending on
temperature and thickness of the subunit. However, the time, which is required to progress the point
of critical C content far enough into the remaining austenite to be in accordance with the
experimental results for the austenite film thickness, is up to one order of magnitude longer. To
analyze this observation in more detail, the diffusion simulations are run for extended times without
the addition of a second bainite subunit to identify the point where the simulated film thickness is as
close to the experimentally measured values as possible. Figure 8 illustrates the process of shift of
the critical C-content with time and the resulting increase in austenite film thickness based on
composition profiles of C for various isothermal holding times, exemplarily, for a 0.4C-1.5Si-1.5Mn

(wt%) steel.
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Figure 8: Calculated evolution of C-concentration profiles in the vicinity of a subunit. The locations of the critical carbon
content (horizontal dashed line), d;, correspond to the simulation times, t;. While the predicted film thickness increases
from £, to t3, it decreases afterwards and, eventually, reaches zero again after longer simulation times.
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In the beginning of the transformation, a sharp concentration peak for C is observed and the distance
where the C-content corresponds to the calculated Ty’ -temperature gradually moves into the parent
austenite starting at the initial phase boundary. After a certain time, the peak of the C-distribution
falls back below the critical C-content and a maximum possible film thickness exists for every alloy
composition and temperature. To illustrate this behavior, the evolution of predicted film thickness
for steels C and A, as determined by the To'-temperature, is exemplarily shown in Figure 9. For steel
C, this distance moves into the parent austenite, reaches a maximum at roughly 70 nm at 430 C and
then moves back to zero. Since the experimentally observed thickness is at around 50 nm, the
“optimum” time corresponding to this particular thickness can be read straightforwardly from the
diagram. The same is performed for a temperature of 260 C, where the experimentally measured
value is roughly 6 nm and the maximum calculated thickness is around 10 nm. For steel A, however,
the predicted maximum thicknesses of roughly 6nm and 28 nm never reach the experimentally ones

of 11 nm and 40 nm, neither at 400 C nor at 300 C.
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Figure 9: Evolution of austenite film thickness with time, illustrated as position of the Ty’ limit during C-redistribution
from the ferritic platelet into the austenite film. (a) Steel C; (b) Steel A. Horizontal lines represent experimentally
measured austenite film thicknesses.

Figure 10 compares calculated austenite film thicknesses with literature data based on these
“optimum” times for the formation of the next parallel subunit (t,,). Apparently, only for steel C,
the calculations can match the experimental values exactly. For all other experimental data, the
agreement can be made better but not perfect. One source for this discrepancy might be sought in
the assumptions (i) to (v) defined earlier. Another source might be the possible enrichment of
untransformed austenite regions that can become enriched in C. Consequently, bainite subunits that
form in the beginning of the reaction can experience lower C-contents compared to subunits formed

towards the later stages of the bainite transformation. The simulations, however, always refer to the
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initial C-content of the austenite. And, finally, another source might be present in simulation input
parameters, which govern the evolution of C-profile in the residual austenite and, therefore, also the
austenite film thickness. The most relevant parameter, in this context, is the diffusivity of C as a
function of the microstructural state parameters stress, defect concentration (i.e. dislocation density)

and C-content of the austenite. These factors are discussed in the following section.
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Influence of elastic lattice stress on diffusivity

When a ferritic platelet forms, the molar volume of the new phase is larger than the molar volume of
the surrounding parent austenite by roughly 1 % [40]. Following the analysis of the deformation and
stress state of a spherical inclusion in Ref. [41], a positive volumetric misfit between ferritic platelet
and austenite matrix shall cause compressive stress in normal direction and tensile stress in
tangential direction to the surface of the inclusion. In a first approximation, this observation should
also hold for an ellipsoidal inclusion and a tensile stress field should prevail around a subunit normal
to the C diffusion direction. This expansion of the austenite lattice leads to an enhancement of C

diffusion in the normal of the subunit surface, which is quantified next.

In Ref. [42], the influence of the C-content on the diffusivity of C is analyzed and it is concluded that
the effect of increasing diffusivity with increasing C content can be most accurately described with
Asimow’s model [43]. This approach assumes that the faster C diffusion is induced by a lattice
parameter expansion caused by interstitially dissolved C. To approximate the effect of stress on the
diffusivity, in a rough estimation, it is assumed that the increase of the lattice parameter due to
elastic stress has a comparable impact on the C-diffusivity as an increase of the lattice spacings due

to dissolved C in the austenite matrix.
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Due to the volumetric misfit, during transformation, both, the ferritic platelet and the surrounding
austenite, are plastically deformed [44] and the amount of stress in the austenitic matrix corresponds
roughly to its yield strength. This value, B, can be estimated by the empirical equation proposed by

Eres-Castellanos et al. [45] as

gy = (52.3 + 47.0X¢ + 31.3Xs; + 1.0Xyp + 1.0Xc, + 31.3Xy, + 1.3Xy; + 10.7Xy + (5)

3.8Xx + 168X, + 15.2Xp; + 53) (1 +0.0011In (-—)) « (1 - (148?_25)0'658),
with X; being the concentration of element i in at-%, ¢ the strain rate and T;. the temperature
difference to room temperature (25 °C). The experimental data that was used to derive this empirical
relation covers composition and temperature ranges of the reference steels that are investigated.
Therefore, a reasonable approximation of the yield strength in the context of the presented
approach should be possible. A comparison of calculated and experimental values for the yield
strength of various steels at different temperatures and other empirical equations are extensively
discussed by Eres-Castellanos et al. in Ref. [45]. The strain rate is approximated with 1000 s and the
Youngs modulus is taken as the one used in the MatCalc simulations for the FCC_A1 phase with E =

(193000 — 73.33-T) - 10° and T inserted in °C. The resulting average expansion of the lattice

Elattice €N be calculated using Hooke’s law oy, = E'¢ with roughly 0.13 to 0.16 %.

The equation describing the lattice parameter of austenite depending on carbon concentration from

Dyson and Holmes [46] is

a, = 3.5780 + 0.033w¢ (6)
with a,, being the lattice parameter of austenite and w being the C-content in wt-%. According to
equation 6, about 0.14 to 0.17 wt-% of C are necessary for the same lattice expansion as calculated
above. This carbon equivalent is used to evaluate the effect of stress on the diffusion of carbon. The
dependence of diffusivity on carbon concentration is taken from Agren et al. [47], who provided a

corresponding equation as

8339.9 (7)

1
D¢ = 4.53-1077 (1 +y.(1-v0) )exp (— (? —2.221- 10-4) (17767 — 26436yc)>

, with the composition variable y. = Xc/(1 — X¢), where X is the mole fraction of carbon.
According to the results of this approximation, the diffusivity of C in the austenite matrix is increased
by a factor depending on temperature and composition. Figure 11 shows the factor by which the C

diffusion is increased depending on temperature for the reference steels.
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Figure 11: Factor by which the C diffusion is enhanced for Steels A, C, E and H depending on temperature according to the
approach described in this section.

Influence of dislocation density on diffusivity

The plastic deformation of the austenite surrounding the ferritic subunit induces an increased
dislocation density and, thus, increases the effective C diffusion kinetics through the mechanism of

pipe diffusion. This effect is fully taken into account in the current simulations as [48]

Der = Do * (1 — agis)) + Dp * @gisi (8)
with the effective diffusion coefficient, Dqgr , Dy being the diffusion coefficient in the undisturbed
crystal, D, being the diffusion coefficient along the dislocation core and a5 being the volume

fraction of dislocation cores, which is calculated as,

QAgis) = 7TRgore P, (9)
with R.,re being the radius of the dislocation core, which is assumed to be 0.5 nm, and p being the
dislocation density. The equation describing the diffusion of C along a dislocation core is,

D. = Dn - exp [22S (10)

p 0’ €Xp RgT)’

where Qpc is 29.2 kJ/mol [48] and Rg is the Universal Gas Constant.

Measurements from Cornide et al. [49] suggest that the dislocation density in austenite surrounding
a ferritic subunit is similar to the dislocation density within the subunit. Therefore, it is reasonable to
utilize data on the number of dislocations within the subunit to estimate, or at least give an upper

boundary for, the amount in austenite. Takahashi and Bhadeshia [50] propose an empirical equation

for the upper limit of dislocations in bainite in the temperature range of 473-942 K as

6880.73 1780360 (11)

1 = 9.28480 ,
0810Pd + T T2
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with pq being the dislocation density per m? and T being the temperature in Kelvin. This equation is
describing the experimental data, which was used to develop it quite well, but due to its
mathematical structure it predicts a decrease in dislocation density below 245 °C without physical
evidence for this effect according to the underlying experimental data. Therefore, an alternative
equation is proposed in order to reproduce the same experimental data, but with monotonically
decreasing behavior in the relevant temperature region. After fitting several equation types to the
experimental data by the method of least squares an equation with the structure of the probability
density of a normal distribution was chosen. It achieved the best results, i.e. least mean square
errors, while ensuring that there is no decrease of calculated dislocation density down to 0 °C. The

resulting empirical equation is,

2
5.1 -3z) (12)

=710 ——.¢ ,
Pa 0.28v21

with T¢ being the temperature in °C. This equation is compared to the experimental data and

equation 11 from Ref. [50] in Figure 12.
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Figure 12: Empirical equations (11) and (12) together with experimental data from Ref. [50].

Impact of carbon diffusivity

The time for the second ferritic subunit to from in order to obtain “optimum” simulation results
strongly depends on the diffusivity of C. Different aspects influencing C diffusion are discussed in the
previous sections. The optimized times until the next subunit forms (t,,), for different approaches
for the effective C diffusion coefficient, are illustrated in Figure 13. The approach designated as “low
dislocation density” assumes a fixed dislocation density of 10'> m2 in austenite, which results in

relatively low ‘excess’ C diffusivity and, therefore, longer times until the calculated film thickness is as
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close as possible to the experimentally obtained values. The points named “with lattice stress”
represent simulations, which take into account the effect of stress in the lattice, while still the fixed
dislocation density of 10%* m2is applied. “High dislocation density” designates the simulations where
the dislocation density in austenite is approximated by equation 12, resulting in the highest C

diffusivity. Exponential functions are fitted to the corresponding data points, which can be used as

input parameters for further simulation studies with the present approach.
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Figure 13: Time until an adjacent bainite subunit forms in order to get best agreement between calculated and measured
austenite film thicknesses; a: linear y-scale; b: log y-scale

One implication of these empirical relations is that the nucleation/formation of an adjacent subunit
needs more time at lower temperatures. This does not necessarily mean that the overall reaction
kinetics become slower with decreasing temperature, but only that the thickening rate of single
sheaves decreases with decreasing temperature. The phenomenon of longer times for the formation
of the second subunit becomes less pronounced when effects that increase the carbon diffusivity are
considered. Especially, the influence of dislocations decreases the increase in t,q,, since the

dislocation density increases with decreasing temperature.

For the following simulation studies, the “high dislocation density” model is used, since there exists
the aforementioned evidence of high dislocation densities in austenite around ferritic bainite
subunits and a smaller increase in t,5, when compared to the other models. Since the effect of stress
is much less pronounced than the effect of dislocation density, only the latter effect is considered.
The function that is used in the following simulation studies for the time until the next ferrite plate

forms is

—0.014-*T’ (13)

thsu = 23 exp
with T inserted in °C.
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General predictions of the model

To derive general trends from the present model, an example composition of 1.5 Mn-1.5 Si (wt%)
with varying C concentrations is chosen because it represents a standard alloying concept for TRIP-
assisted bainitic steels. To the knowledge of the authors, small changes in the composition of
substitutional elements should not change the overall behavior to a decisive degree and the derived
trends should, therefore, be valid for a broader selection of alloys, which undergo the bainite

transformation as long as the formation of carbides in austenite is sufficiently suppressed.

The size of the bainitic ferrite plates is calculated by the formula given in ref. [51]. It was originally
developed by Parker [52], who empirically modelled the subunit thickness, dy,. Parker assessed the
data of steels with C-contents between 0.095 and 0.5 wt% in a temperature range between 523 and

773 K and obtained

7 T—528

db =2-10" 150

[m]. (14)

Figure 14 illustrates the trends for thickness and C-content of austenite films for the aforementioned
composition with 0.2 and 0.4 wt% of C as predicted by the present simulations. The film thickness
increases with increasing temperature and C content in the austenite matrix, whereas the C-
concentration in the retained austenite varies only to a rather limited degree. According to the
calculated and empirical martensite start temperatures in Figure 3, the amount of C in the austenite
films of both alloys is sufficient to stabilize them at room temperature against martensitic

transformation.
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Due to the lack of data available in literature, it is difficult to put the predicted trends of the present
simulations into a quantitative context. Data from reference [53] show a C content of ~1.8-2.2 wt% in
austenite films for a 0.39C - 4.09Ni - 2.05Si wt% alloy a at a transformation temperature of 400 °C.
For an initial C content of 0.4 wt% the current model predicts C levels in the films of ~2.6 wt%. The
simulation gives the C content of films at the moment of their formation. It is possible that C diffuses
out of the films and into the surrounding blocky austenite areas over time. This can happen, albeit
slowly, because the austenite films can be connected to the blocky austenite on their narrow sides.
Since in experimental setups the C concentration in films is measured at a point where a lot of films

already exist for some time, lower values are expected when compared to this kind of simulation.

Austenite films at low temperatures

At low bainite transformation temperatures, trapping of C atoms at defects becomes an important
effect, which needs to be accounted for in the diffusion simulation. For instance, in “nano-scale”
bainite, which forms at approximately 200 °C and below [54][55], the strongly deformed ferrite
platelets can bind substantial amount of C in stable solid solution at the dislocations. This C is
unavailable for diffusion into and stabilization of the austenite films. The C-content of fresh
martensite at 200 °C can be as high as 0.2 wt%, depending on the actual dislocation density [56], the
trapping of C in bainitic ferrite is experimentally confirmed by X-ray and atom probe measurements

[54] [57].
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The effect of trapping is incorporated in the present simulations with the approach introduced by
Svoboda et al. [26][27][28]. The trapping enthalpy, AE, and coordination number, ¢, are the main
input parameters for this model. These are chosen as AE= 75000 — 20*T [J/mol] and ¢c=A/T?, with the

coefficient A=10°, as suggested by Mayer et al. [58].

In ref. [55], atom probe measurements of a bainitic microstructure consisting of ferritic bainite plates
and austenite films, which formed at 200 °C, are reported. The bainite subunit thickness and location
in the simulation is taken from the original source [55]. It is assumed that the thicker subunit formed
first and the thinner one afterwards. Due to the smaller overall dimensions of the transformation
observed experimentally, the size of the simulation box is defined with 140 nm. The dislocation
density is taken as 3-10%> m?, based on measurements in the range between 200 and 350 °C for this

steel [59].

Figure 15 compares the measured and calculated carbon profiles over two ferrite platelets. The
calculated thickness and carbon content of the austenite film between the bainitic ferrite plates is in
good agreement with the APT measurements. The C content within the ferritic part of the
microstructure seems to be slightly overestimated by the current trapping model, although some
areas in the second subunit even exceed the carbon concentration as predicted by the model. The
areas to the left of the initial subunit and to the right of the second one cannot be compared to the
experimental results since the information about the surroundings, i.e., where is the next ferritic

platelet is located, is missing in the simulation.

79



A APT measurements
simulation
-------- simulation without trapping

g 0247 ; o ;
O 0.22 - I Lol I
"6 E I | 1 1
@ 0.20 Y ! o 1Y o I Y
“= 0.18 - I b |
E 1 A I | [ |
S 0.16 - I : I 1A
© { iA

~ Y {

-~ A7

c

Q

c

(@]

O

c

0 A A" AR
LT ENANIRE Y NPT EMOON /od
e N

| A O,

=l S0 AN\ T Y =

2,"4'-/_-‘4, .I/;Kﬁ_‘ Vs /AN 2R /4;34)‘zfly:&. J4, 4/A%
It A\- - = 4 4um

ey AT

position / nm

Figure 15: Simulation of bainite formation at 200 °C, with and without trapping taken into account. APT measurements
from ref. [55]

Bainite, which forms at temperatures as low as 200 °C, commonly occurs in the form of lower bainite,
where carbide particles form within the bainitic ferrite subunits in competition with the C diffusion
into the surrounding austenite [50]. According to Caballero and Bhadeshia [54], however, practically
no carbides were found in similar steels although extensive TEM (transmission electron microscopy)
investigations were performed. On the other hand, atom probe investigations from Ref. [59] reveal,
that very small carbide particles may exist in the investigated steel. However, according to Ref. [59],
the influence of carbide precipitates on the carbon distribution in the microstructure is extremely
small. Therefore, neglecting them should have only a minor influence on the results of the
simulations presented. It should be noted that for other compositions, carbide precipitation
reactions could have a more pronounced effect and, therefore, should be considered in these cases.
Corresponding modeling and simulation work is in process, however, will be reported elsewhere
because carbide precipitation introduces additional complexity, which is exceeding the scope of the

present manuscript.
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Summary and conclusions

In the present work, a model for the simulation of austenite film thickness and carbon distribution in
a bainitic microstructure is introduced. It is based on Chang and Bhadeshia's [15] idea that the
austenite film thickness depends on the carbon diffusion profile around the bainitic ferrite plates.
The ability to describe the evolution of carbon concentration profiles in the presence of multiple
subunits is one of the main features of our model. Consequently, this approach provides a more
complete description of diffusion processes within bainite sheafs compared to simple analytical
approaches because these often neglect important factors, such as, the influence of C concentration
on C diffusivity. Furthermore, it is shown that the effects of stress and dislocation density on the
diffusion of C can be considered with this method. Carbon trapping at dislocations, which plays an
increasing role at decreasing transformation temperature, is accounted for by the presented model.
Thus, carbon concentration profiles for bainitic microstructures that form at low temperatures
(nanoscale bainite) can be consistently reproduced. Therefore, the presented model can be used to
study trends in carbon concentration and size of retained austenite films for a broad variety of steels

and over a wide range of temperatures.
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Abstract

Carbon partitioning in bainite is a central mechanism controlling this transformation. Depending on
whether C atoms form precipitates in the ferrite platelets or remain dissolved in a solid solution, the
resulting microstructure is denoted as either lower or upper bainite. In the present analysis, a
simulation study is conducted with long-range diffusion of C and simultaneous precipitation of
carbides. The computational analysis suggests that carbides always form within the ferritic subunits
before carbon redistribution into the surrounding austenite commences, independent of
temperature. Since these carbides can rapidly dissolve again at higher bainite transformation
temperatures, they are commonly not experimentally observed in upper bainite. At lower
temperatures, carbide re-dissolution takes significantly more time, and carbides are, therefore,
commonly identified, with the corresponding microstructure denoted as lower-bainite. Since
carbides shall always form in the ferrite platelets, a classification of upper and lower bainite based on

the existence of carbides should be reconsidered.

Main Body

Bainite forms by the nucleation of ferritic subunits in austenite and their subsequent growth. The
subunits can nucleate either at grain boundaries or autocatalytically at other subunits. An aggregate
of subunits with the same crystallographic orientation is called a sheaf. Ferritic subunits grow via a
displacive mechanism, i.e., with the speed of sound after their nucleation [1]. Therefore, they are
supersaturated in carbon since the solubility of carbon is much lower in ferrite than in austenite. If
the excess carbon diffuses into the surrounding austenite before carbides form within the ferritic
subunits, the common classification of the resulting microstructure is upper bainite. Otherwise, when
carbide precipitates are observed within the ferrite, the microstructure is referred to as lower bainite
[2,3]. The carbon, which is ejected by the ferritic subunits, enriches the surrounding austenite, which

can then decompose into ferrite and cementite. If carbide formation in austenite is retarded by
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alloying elements, such as Si or Al, carbide-free bainite is formed, in which the ferritic subunits are

surrounded by austenite films [2,4].

Regardless of the assumed mechanism leading to its formation, the presently applied distinction
between upper and lower bainite is mostly related to the presence of carbides in the ferritic subunits

[5-9].

To predict the type of bainitic microstructure that forms at a given temperature, models have been
developed that compare the time required for the decarburization of the ferritic plates with the time
necessary to form a certain amount of carbides within the platelets [10,11]. These models can
predict the transition temperature from upper to lower bainite in a way that achieves a reasonable
agreement with the experimental data. However, there are still some discrepancies between
simulation and experiment, the cause of which may lie in different aspects of the standard approach
to upper and lower bainite. To define a transition temperature from upper to lower bainite (the so-
called lower bainite start temperature), the assumption of a limiting carbide phase fraction in the
ferritic bainite is necessary since a minimal number of carbides may always form. It seems difficult,
though, to pinpoint the exact amount of cementite required to label a bainitic microstructure as
lower bainite. In contrast to the models described in references [10,11], the simulation approach
presented in the next section couples the C-diffusion between austenite and ferrite directly with the
precipitation kinetics. This is a crucial feature, as both processes are strongly coupled and occur as

competing microstructural processes.

To describe the mechanisms that govern the formation of a bainitic microstructure, a 1-D cell
diffusion simulation is set up with coupled precipitation kinetics calculations. This simulation is
performed with the thermokinetic software package MatCalc, version 6.04.0140 [12]. Applications of
this software to precipitation kinetics simulations have been described in previous studies [13-15].
The thermodynamic database mc_fe.tdb (v2.060) and the diffusion database mc_fe.ddb (v2.012) are
used. The cell-diffusion simulation utilizes a finite differences scheme to calculate transient multi-
component diffusion profiles. A detailed description of this simulation aspect is reported in Refs.

[16,17].

For the current modeling, it is assumed that the ferritic subunits form rapidly via a displacive
transformation mechanism. Although other hypotheses concerning bainite formation exist, this
mechanism seems to be the most evidenced in literature [3,6]. At the beginning of the simulation,
several simulation cells corresponding to the subunit half-thickness are assigned to the ferritic phase
(BCC_A2). Only a half thickness is considered in the calculations due to symmetric boundary

conditions at the left end of the simulation box. The remaining cells are initially assigned to the
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austenite phase (FCC_A1). The interface between the two phases remains stationary during the
simulation. This method is developed and described in Ref. [17] when simulating the C-redistribution

between ferrite and austenite films accompanying the bainite transformation.

The composition and assigned thermodynamic phase of a cell define the chemical potential and
diffusional mobility of elements within it. Likewise, microstructural properties that affect diffusion,
such as the dislocation density, are assigned according to Ref. [17]. The size of the one-dimensional
diffusion simulation box is chosen between 300 and 500 nm. A single cell has a length of 1 nm in our
setup, which provides a sufficient spatial resolution while sustaining feasible calculation times. This
setup resembles a single isolated subunit in an austenite matrix, i.e., no constraint of carbon
diffusion by neighboring subunits. The thickness of the ferritic subunits is calculated on a
phenomenological basis according to Ref. [18], which was initially developed by Parker [19]. The
subunit thickness, dj,, based on data of steels with C-contents between 0.095 and 0.5 wt% in a

temperature range between 523 and 773 K, is approximated as

T—-528

150 [m] (1)

dy=2-10"7 -

Cementite is chosen as the carbide precipitation phase in the ferritic regions. Although a sequence of
metastable carbides can form in a bainitic microstructure, this simplification is made because
cementite represents the most common carbide occurring in bainite [3]. Other carbides of interest
could easily be implemented into the simulation setup, however, without altering the fundamental
findings of the present work. They have, therefore, been omitted for the benefit of straightforward
interpretation of the results. Dislocations are selected as the nucleation site for these carbides, and a

para-equilibrium approach is used to calculate the nucleus's chemical composition [20].

The dislocation density within the ferritic subunits is calculated with an empirical relation from Retzl
et al. [17], which reads as
1(T_c)2 (2)

pq =710 ~2\280

- e
0.28v2m

with T being the temperature in °C.

The lower the bainite transformation temperature, the more critical becomes the impact of C atoms
being trapped at defects. It is essential to consider the trapping of C at dislocations since trapped C
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atoms are not available for precipitation processes. For example, due to this effect, fresh martensite
formed at 200 °C can dissolve up to 0.2 wt% of C in thermodynamic equilibrium [21]. The trapping of
C in bainitic ferrite is experimentally confirmed by X-ray and atom probe measurements [22,23]. The
effect of trapping is incorporated in the present simulations with the approach developed by
Svoboda and Fischer et al. [24-26]. The main input parameters, i.e., trapping enthalpy, AE, and
coordination number, c, are used with AE= 75000 — 20-T [J/mol] and c=A/T?, with the coefficient

A=105, as suggested by Mayer et al. [27].

The model described in the former section is applied to two bainitic alloys with 0.05 wt% and 0.45
wt% C in the temperature range of 300 to 500 °C. The simulations are run for up to 3000 s. The C-
concentrations are chosen because, for high temperatures and low C content, i.e., 0.05 wt%, an
upper bainite structure with no carbides in the ferritic subunits can be expected, and, for low
temperatures and higher C contents, a lower bainite structure with carbides in the subunits will

emerge [11].

Figure 1 shows the evolution of C concentration (a) and phase fraction of carbides (b) for an alloy
with 0.05 wt% C at 500 °C directly after the ferrite subunit has formed. The phase boundary between
austenite and ferrite is visible in Figure 1.a in the C concentration jump at roughly 165 nm distance
from the subunit center. According to the standard description in the literature, at this low C
concentration, no carbides should form within the subunit since the diffusion of C into the
surrounding austenite should be faster than the precipitation of carbides. However, according to our
simulations, as shown in Figure 1.b, a significant amount of carbides forms rapidly after the start of
the simulation (~1/1000s). During the simulation, these particles only reach a maximum diameter of
3-4 nm and completely dissolve again after approximately 0.4 s. The precipitates dissolve because
the C level in the BCC (ferritic) area decreases due to C diffusion into the austenitic regions and the
accompanying destabilization of the carbides. At first glance, it may seem of no great interest that
very small carbides form and dissolve again within half a second, but it has a significant impact on the
partitioning process of C. The time necessary for C to diffuse out of the subunit increases severely
because the carbon, which is bound in the form of carbides, is not readily available for diffusion.
Therefore, simple assumptions that consider the evacuation of C from the subunit and carbide
precipitation as separate processes underestimate the time that it takes for the C concentration in

the ferritic bainite plates to reach equilibrium.
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Figure 1: Precipitation and long-range diffusion simulation at 500 °C with 0.05 wt% C (a) evolution of C concentration

profile (b) carbide volume fraction profile

A different behavior occurs if a C content of 0.45 wt% at 300 °C is investigated. Similar to the low-C

high-temperature case, carbides form rapidly in the subunit (~0.01 s until the maximum phase

fraction is reached). These precipitates bind nearly all C in the ferritic region, and, in combination

with the slow diffusion at 300 °C, almost no C redistribution occurs within 3000 seconds. The

evolution of the C profile is shown in Figure 2.a. The carbides reach a maximum mean diameter of 12
nm, and their phase fraction stays nearly the same throughout the simulation. Only after about 3000

s, as shown in Figure 2.b, does the carbide volume fraction start to decrease at the edge of the ferrite

region. When investigating bainite after 3000 s of transformation, many carbides are still present in

the ferritic subunits, thus resembling the lower bainite microstructure. On prolonged aging at this

temperature, the carbides will still dissolve. The lower bainite microstructure is thus, in principle, the

same as upper bainite. However, it is looked at before sufficient time has passed to dissolve the

carbides again and let the C atoms diffuse into the austenite films and blocks.
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Figure 2: Simulation at 300 °C with 0,45 C (a) evolution of C concentration profile (b) carbide volume fraction profile
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Since carbides always precipitate during the simulation and a dissolution process takes place in all

environments examined, it is essential to know how long this process takes to understand the
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implications for the microstructure evolution of bainite. Figure 3 shows the necessary time for the
carbide phase fraction to reach a maximum and be reduced to zero for different temperatures and
the two investigated C contents. While, for the low C content (0.05 wt%), even at 300 °C, the
dissolution process takes place within 200 s, for the higher C content (0.45 wt%), nearly no carbides
have dissolved even after 3000 s. Since the bainite transformation process takes some hundreds of
seconds at conventional production conditions [28], the commonly and practically observed

microstructure under these conditions will generally be denoted as lower bainite.

In essence, our simulations suggest that upper and lower bainite share the same formation
processes. Subunits always go through the stages of C supersaturation, carbide formation within the
subunit, carbon partitioning to the surrounding austenite, and, given enough time, dissolution of the
carbides within the subunit. It only takes fractions of a second for low-C alloys at high temperatures
to go through this process but several thousand seconds for the high-C and low-temperatures cases.
Depending on when an observer looks at the microstructure, either upper or lower bainite is

diagnosed.

Observing the rapid formation and dissolution process of carbides at higher temperatures is rather
challenging due to the short time and small size scale. However, the dissolution of carbides in a high-
C low-temperature case could be observed if the bainite is tempered for much longer than necessary
for complete transformation. The onset of this dissolution process would manifest itself in the
formation of carbide-free zones at the border of a subunit, according to Figure 2.b. Experimental
evidence for the formation of carbide-free zones in subunits has been reported in Ref. [29]. These
carbide-free zones are found in subunits located at the border of sheaves. This corresponds to our

simulation setup of a single subunit surrounded only by austenite and no other subunits close to it.
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Figure 3: Simulation results of the presented model. Time until maximum phase fraction of carbides is formed within the
ferritic bainite subunits (red triangles) and time until all carbides are dissolved (blue squares) as a function of
temperature for C content of 0.05 wt%(a) and 0,45 wt% (b). Differently, shaded areas indicate if upper or lower bainite

will be observed.

A model capable of simultaneously describing the long-range diffusion of C and the precipitation of
carbides within and around a bainite subunit is used to study the redistribution of C and the
concurrent precipitation of carbides in bainitic microstructures. The simulations show that, even at
low C concentrations and high temperatures, where the final microstructure is commonly
denominated as upper bainite, carbide precipitates form within a subunit shortly after its formation.
These carbides dissolve again rapidly, however, due to C diffusion into the surrounding austenite.
Since the analysis demonstrates that carbide precipitation always occurs, the denomination of the
observed microstructure apparently depends on the particular moment when the microstructure is
looked at and, in particular, whether the carbides have had sufficient time to dissolve again. With this
in mind, the classification of upper and lower bainite solely based on the presence or absence of

carbides should be reconsidered.
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